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ABSTRACT 
 
Nanocrystalline materials have experienced a great deal of attention in recent years, largely due 
to their impressive array of physical properties.  In particular, nanocrystalline mechanical 
behavior has been of interest, as incredible strengths are predicted when grain size is reduced to 
the nanometer range.  The vast majority of research to this point has focused on quantifying and 
understanding the grain size-dependence of strength, leading to the discovery of novel, grain 
boundary-dominated physics that begin to control deformation at extremely fine grain sizes.  
With the emergence of this detailed understanding of nanocrystalline deformation mechanisms, 
the opportunity now exists for studies that explore how other structural features affect 
mechanical properties in order to identify alternative strengthening mechanisms.  In this thesis, 
we seek to extend our current knowledge of nanocrystalline structure-property relationships 
beyond just grain size, using combinations of structural characterization, mechanical testing, and 
atomistic simulations.  Controlled experiments on Ni-W are first used to show that solid solution 
addition and the relaxation of nonequilibrium grain boundary state can dramatically affect the 
strength of nanocrystalline metals.  Next, the sliding wear response of nanocrystalline Ni-W is 
investigated, to show how alloying and grain boundary structural state affect a more complex 
mechanical property.  This type of mechanical loading also provides a strong driving force for 
structural evolution, which, in this case, is found to be beneficial.  Mechanically-driven grain 
growth and grain boundary relaxation occur near the surface of the Ni-W samples during sliding, 
leading to a hardening effect that improves wear resistance and results in a deviation from 
Archard scaling.  Finally, molecular dynamics simulations are performed to confirm that 
mechanical cycling alone can indeed relax grain boundary structure and strengthen 
nanocrystalline materials.  In all of the cases discuss above, our observations can be directly 
connected to the unique deformation physics of nanocrystalline materials. 
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Chapter 1 :  Introduction 
 
1.1 Nanocrystalline mechanical properties 
 
The strength of a polycrystalline metal is dependent on the ease with which dislocations can 
move through the material.  Strength can be tailored through the addition of microstructural 
obstacles to dislocation motion, with solid solution strengthening, precipitation hardening, and 
grain refinement the most common examples.  The origins of grain boundary (GB) strengthening 
can be traced to the seminal work of E. O. Hall [1], where a study of yielding in mild steel 
revealed a systematic strengthening effect with decreasing grain size.  This relation, now known 
as the Hall-Petch relationship, is given by:      
2/1 dkoy      
 (1.1) 
where σy is yield strength, σo and k are material constants, and d is grain size. The Hall-Petch 
relation has been found to apply to a wide range of materials over several orders of magnitude of 
grain size [2, 3], leading to many processing efforts focused on refining microstructure to 
progressively smaller scales.  In the late 1980’s, Gleiter [4] recognized the potential importance 
of materials with grain sizes below 100 nm, nucleating a period of intense research of these so 
called nanocrystalline materials which continues today.  
 
Since nanocrystalline materials represent the extreme of grain refinement, a great deal of 
research has focused on measuring the properties of these materials and testing the validity of 
Hall-Petch scaling at the nanoscale.  The direct extrapolation of Hall-Petch scaling to 
nanocrystalline materials was first challenged by the experiments of Chokshi et al. [5], where 
 14 
hardness measurements of nanocrystalline Cu and Pd exhibited decreasing strength with 
decreasing grain size.  Such a trend in strength scaling is often referred to as inverse Hall-Petch 
behavior.  More recent research exploring the strength of pure nanocrystalline metals, such as Ni 
[6-8], Cu [9], Zn [10], and Fe [11], as well as nanocrystalline alloys, such as Ni-P [12, 13] and 
Ni-W [14-16], has also revealed deviations from Hall-Petch scaling.  The observed deviations 
are shown schematically in Fig. 1.1a, where yield stress is plotted as a function of grain size.  
Hall-Petch scaling holds until grain size reaches ~100 nm.  Further microstructural refinement is 
sometimes believed to cause a change in the slope of the Hall-Petch scaling, but strength 
continues to increase with decreasing grain size.  After reaching a critical grain size, yield stress 
either plateaus or even decreases as grain size is further refined.  Microhardness data for Ni and 
Ni-W is plotted versus grain size in Fig. 1.1b to show such a deviation in real experimental data.  
The previously discussed plateau or decrease in hardness is observed in different data sets as the 
grain size goes below ~10 nm. 
 
Figure 1.1 Plots demonstrating the breakdown in Hall-Petch scaling (a) schematically and (b) with 
experimental data for Ni and Ni-W alloys.  Part (a) is adapted from [17], while the data in Part (b) is from 
Ebrahimi et al.[18], Erb et al. [6, 7], Hughes et al. [19], Schuh et al. [15], Giga et al. [20], and Detor et al. [14]. 
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While the breakdown in Hall-Petch scaling for strength has been the most widely studied 
phenomenon in nanocrystalline metals, other mechanical properties have been observed to 
change as well.  Gray et al. [21] predicted that nanocrystalline materials would have high strain 
rate sensitivities (a higher applied strain rate results in a higher measured yield strength) after 
observing increased strain rate sensitivity for Cu, Ni, and Al-Cu-Zr with grain sizes of hundreds 
of nanometers (often referred to as “ultrafine grained”).  Studies of nanocrystalline Al [22], Cu 
[23, 24], and Ni [25-27] have confirmed that nanocrystalline metals do in fact display strain rate 
sensitivities which are much higher than their microcrystalline counterparts, with this strain rate 
sensitivity increasing significantly below 100 nm.  Nanocrystalline materials have also been 
found to exhibit a strength asymmetry, with higher yield strength in compression than in tension.  
This contrasts with the behavior of microcrystalline metals, which act as pressure-insensitive von 
Mises solids [3].  Sanders et al. [28, 29] studied the compressive and tensile yield strength of 
nanocrystalline Cu with grain sizes ranging from 110 nm to 16 nm.  A strength asymmetry was 
observed which became more pronounced as grain size decreased, with the compressive yield 
strength found to be 2-3 times larger than the tensile yield strength for d = 16 nm.  A similar 
trend has also been reported for nanocrystalline Ni [30, 31], Ni-W [20], and Zn [32]. 
 
Since the most profound changes in the mechanical properties discussed above occur at the finest 
grain sizes, it is natural to wonder about deformation in the limit of grain refinement.  Palumbo 
et al. [33] introduced a geometrical construction to explore the relationship between grain size 
and the volume fraction of material considered to be intercrystalline.  Assuming regular 
tetrakaidecahedron-shaped grains and a boundary thickness of 1 nm, a grain size of 10 nm would 
have ~30% intercrystalline region and a grain size of 1 nm will be entirely composed of the 
 16 
disordered intercrystalline state.  Since the disordered intercrystalline material lacks the long-
range order of the crystalline phase, it is common to consider the limit of grain size refinement to 
be an amorphous structure. 
 
At ambient temperature, the mechanical behavior of amorphous metals, which are often referred 
to as metallic glasses, involves inhomogeneous plasticity, with deformation localized into nano-
scale shear bands.  These small shear bands can accommodate large displacements and result in 
shear offsets on the micron scale at a surface [34, 35].  These shear offsets are also observed 
during indentation of metallic glasses [36], as shown in Fig. 1.2a, resulting in a load-
displacement curve characterized by discrete bursts of plasticity [37, 38].  Experimental results 
indicate that the strength of a metallic glass is essentially independent of the strain rate over six 
orders of magnitude [39-41] (although there is evidence of softening at rates near ~10
3
 s
-1
 which 
is believed to be the result of adiabatic heat generation [41, 42]).  The deformation of metallic 
glasses has also been observed to be pressure sensitive, with their strength better fit by the 
normal-stress-dependent Mohr-Coulomb yield criterion than von Mises criterion [38, 43].  The 
Mohr-Coulomb criterion is given by:   
noy        (1.2) 
where τy is the effective yield stress, τo is the yield stress in pure shear, α is the friction 
coefficient (captures the pressure dependence of the material), and σn is the normal stress acting 
on the shear plane.  Experiments [43] and atomistic simulations [44] show the Mohr-Coulomb 
criterion describes the yield of metallic glasses for values of α near 0.1. 
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Figure 1.2 The discrete plasticity which is characteristic of (a) a metallic glass [36] is also observed in (b) 
nanocrystalline Ni-W with a grain size of 3 nm [45].  (c) Figure from [45] showing that the pressure sensitivity 
of nanocrystalline Ni-W reaches a maximum, then converges to the value commonly used to describe 
amorphous metals. 
 
 
If a metal does transition through a structural continuum between nanocrystalline and amorphous 
states, the measured mechanical properties should bear evidence of this transition.  Trelewicz 
and Schuh [45] studied the nanoindentation response of nanocrystalline Ni-W with grain sizes 
ranging from over 100 nm to near the amorphous limit.  At the finest grain size of d = 3 nm, 
where ~70% of the material should be intercrystalline following Palumbo et al. [33], plastic 
deformation was more discrete, with flow serrations obvious in the load-displacement curves.  
Shear offsets reminiscent of those seen in metallic glasses were also observed, as shown in Fig. 
1.2b.  The strain rate sensitivity of nanocrystalline Ni-W increases as grain size decreased below 
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100 nm, reaches a maximum near 10 nm, and then decreases as the grain size approaches the 
amorphous limit.  The strength asymmetry of these alloys was also studied using two indenter 
geometries which imposed different confining pressures.  The Mohr-Coulomb coefficients were 
calculated for each microstructure and are plotted as a function of grain size in Fig. 1.2c.  A trend 
similar to that observed in the rate sensitivity was found, with a peak in strength asymmetry near 
10 nm followed by convergence to a value characteristic of metallic glass.  Atomistic simulations 
of nanocrystalline Ni [46] have also provided evidence of a convergence to amorphous values of 
strength asymmetry, with these data points labeled “Simulated Ni” in Fig. 1.2c.  The 
convergence of these different qualitative and quantitative length-scale-dependent mechanical 
properties towards the behavior expected of a metallic glass confirms the idea of a 
nanocrystalline-to-amorphous continuum for deformation behavior.  These trends in mechanical 
properties also provide evidence of multiple changes in the physical mechanisms which 
dominate plastic deformation as grain size is decreased.  These mechanistic changes and their 
dependence on material structure will be discussed in more detail in the following section. 
 
1.2 Interface-dominated deformation mechanisms 
 
The original, and most commonly cited, physical model for connecting the strengthening effect 
of grain boundaries with the empirical Hall-Petch scaling is based on the idea of a dislocation 
pile-up forming at the edge of a grain [1, 47].  Eshelby et al. [48] considered the stress acting on 
the lead dislocation in such a pile-up between a source and a grain boundary.  The dislocation 
pile-up concentrates and magnifies the applied stress at the boundary, with the magnitude of the 
stress concentration increasing with the number of dislocations in the array.  A smaller grain can 
accommodate a smaller pile-up, making it harder for the transfer of slip to occur and resulting in 
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the expected inverse square root dependence of yield strength on grain size.  Alternatively, 
models connecting grain size and dislocation density were conceived by Li [49] and Conrad [50], 
with these models showing a similar grain size dependence of the yield strength.[1, 47]  
 
As grain size is decreased, it becomes progressively harder for dislocations to be emitted from 
intragranular sources and dislocations from GB sources should begin to dominate deformation 
below a critical grain size [51, 52].  Molecular dynamics (MD) simulations of nanocrystalline Al 
[53, 54], Cu [55-57], and Ni [58, 59] have shown that this process involves the nucleation of a 
dislocation from a GB, propagation across the grain (with pinning potentially occurring at GB 
ledges [60]), and absorption of the dislocation into the opposite GB.  Such a process would mean 
that each dislocation is in the grain interior for a small time, making the probability of traditional 
dislocation interaction and tangling extremely low.  The nucleation and propagation of a 
dislocation from a nanocrystalline GB during a MD simulation is shown in Fig. 1.3a.  
Experimental studies have provided support for GB dislocation mechanisms due to the absence 
of dislocation storage, with transmission electron microscopy (TEM) observations [61, 62] 
showing a lack of dislocation debris and in situ x-ray diffraction (XRD) [63] showing fully 
recoverable peak broadening associated with plastic deformation.  Since all of the materials 
discussed so far are FCC metals, partial dislocations separated by a stacking fault are more 
energetically favorable than a full dislocation.  Because of this, GB dislocation nucleation 
actually is a two-step process itself, consisting of the nucleation of a leading partial lattice 
dislocation followed by another nucleation event for the trailing partial dislocation [54, 58].  
These nucleation events are strongly influenced by the local GB structure and free-volume, 
leading to the strength asymmetry which is observed at these grain sizes.  Cheng et al. [52] 
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postulated that a pressure dependence of the self-energy of a GB dislocation source can strongly 
affect yield, causing these materials to be stronger in compression than in tension.  MD 
simulations of dislocation emission from grain boundaries in Cu support such a conclusion [64].  
As the grain size becomes smaller than the equilibrium spacing between partial dislocations, the 
leading partial dislocation traverses the grain interior and is absorbed before the trailing partial 
can be nucleated.  Such a process would result in stacking faults within the grain, and, 
eventually, deformation twins which should be observable in the TEM after deformation.  
Deformation twinning has been predicted for nanocrystalline Al from the MD simulations of 
Yamakov et al. [53] and confirmed by the post-mortem TEM observations of Chen et al. [65].  
Chen et al. observed that deformation twinning occurred preferentially within the small grains in 
nanocrystalline Al films deformed by microindentation and manual grinding.  Similar TEM 
observations of partial dislocation-mediated twinning have been observed for ball-milled Al [66, 
67], Cu deformed by severe torsion [68], and cold-rolled nanocrystalline Pd [69]. 
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Figure 1.3 (a) Dislocation nucleation from a GB during an MD simulation of deformation in nanocrystalline 
Al.  Images are taken from [70].  (b) Microstructure of a nanocrystalline Cu MD sample.  GB atoms are 
shown in blue, stacking faults appear as red, and grain interior atoms are shown as white.  (c) The relative 
motion of atoms in the z-direction during deformation of the sample shown in (b).  Slip occurs preferentially 
at the GBs.  Parts (b) and (c) are taken from [71]. 
 
Below a critical grain size, which is material dependent due to the importance of the stacking 
fault energy [70, 72], dislocation activity is suppressed and plastic deformation is accommodated 
by atomic level events at the GB.  Schiotz et al. [71] were the first to report such GB activity 
when they detected local sliding events during MD simulations of nanocrystalline Cu.  GB 
sliding, shown in Fig. 1.3b and c, was observed where only a few atoms moved with respect to 
each other as a result of the build-up of high stress.  GB sliding was also observed during a MD 
study of nanocrystalline Ni [73], where more detailed analysis showed that this process takes 
place either by atomic shuffling or stress-assisted free volume-migration.  Further MD 
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simulations by Schiotz and coworkers [55] have shown that this transition from dislocation-
based deformation mechanisms to GB sliding is responsible for the inverse Hall-Petch 
phenomena observed in experimental studies.  While direct observation of the atomic 
mechanisms involved in GB sliding is difficult, if not impossible, to achieve experimentally, a 
number of in situ TEM studies have observed grain rotation during the deformation of 
nanocrystalline metals with extremely fine grain sizes [61, 74, 75].  Such rotation should require 
the same local atomic shuffling events associated with GB sliding in order to maintain 
compatibility between neighboring grains.  Both GB sliding and rotation represent simultaneous 
collective movements of groups of atoms, which is again reminiscent of metallic glasses, where 
local shear transformations occur in order to relax applied shear stresses and redistribute free 
volume [76, 77]. 
 
It is obvious from the above discussion that nanocrystalline metals deform in a manner that is 
very different from their microcrystalline counterparts.  The familiar intragranular dislocation 
mechanisms give way to new GB-dominated mechanisms which are very dependent on local 
atomic structure.  GB character and/or local stress concentrations become important factors in 
plastic deformation.  The discussion up to this point has focused on the grain size dependence of 
mechanical behavior.  In the following sections, other possible nanocrystalline strengthening 
mechanisms and the potential for deformation induced structural evolution will be discussed. 
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1.3 Beyond grain size: Strengthening mechanisms at the nanoscale 
 
To date, the majority of research on the mechanical behavior of nanocrystalline materials has 
focused on how grain size and properties are linked.  While such a focus has been instrumental 
for uncovering the grain size-dependent deformation mechanisms described above, other 
potential nanocrystalline strengthening mechanisms have been largely ignored.  In the sections 
that follow, two such mechanisms will be explored: (1) solid solution effects and (2) GB 
structural state. 
 
1.3.1 Solid solution alloying addition 
 
In practice, nanocrystalline systems with significant alloying additions are more useful than their 
pure metal counterparts, due to the increased thermal stability and grain size control that can be 
realized with alloying additions.  A number of pure nanocrystalline metals experience room 
temperature grain growth [78, 79], with a corresponding degradation of their properties.  On the 
other hand, recent work has shown that the addition of alloying elements can produce stabilized 
nanocrystalline metals, either through classical kinetic constraints on coarsening or through 
thermodynamic reduction of the driving forces for coarsening [80, 81].  For example, 
electrodeposited Ni-W alloys have nanocrystalline grain structures that do not coarsen 
appreciably when heated to temperatures up to ~500°C [82], as shown in Fig. 1.4a.  In these Ni-
W alloys, W additions exhibit a subtle tendency to segregate to grain boundaries, where they 
lower the grain boundary energy and bring the system closer to thermodynamic equilibrium [83].  
As a result of this segregation tendency, alloying additions also allow grain size to be precisely 
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controlled during electrodeposition, with W promoting grain refinement [14].  Fig. 1.4b shows 
the characteristic grain size-composition relationship for the nanocrystalline Ni-W system.  
 
Figure 1.4 (a) Grain size as a function of annealing temperature for electrodeposited Ni-W [82], showing a 
stable grain size for annealing temperatures less than 500°C.  (b) Grain size as a function of W content for the 
electrodeposited Ni-W system, with data taken from Ref. [14].  As W content increases, grain size is refined. 
 
In light of these considerations, alloying elements are viewed as a key ingredient for most any 
commercializable nanocrystalline metal.  Therefore, a more complete understanding of alloying 
effects on the novel deformation mechanisms that dominate at the finest grain sizes is needed.  
What complicates this task is that when an alloying addition and a nanoscale grain size are 
present, both have potentially significant effects on properties and the two are difficult to 
decouple systematically because composition usually affects structure.  For example, in the 
electrodeposited Ni-W alloys mentioned above, grain size is intimately tied to composition [14], 
and changing one of these variables tends to causes changes in the other (at least in the as-
deposited state).  A number of other nanocrystalline alloys, such as Ni-P [84], Pd-Zr [85], and 
Ni-Fe [86], exhibit a similar dependence of grain size on composition.  Detailed studies that 
isolate the effects of grain size and composition for various systems are needed. 
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There have been a number of papers that have attempted to address alloying effects on the 
mechanical properties of nanocrystalline metals where grain size and composition are connected 
[15, 87-90].  These are for the most part somewhat speculative, again because they are generally 
unable to separate the effects of composition and grain size.  A limited number of studies have 
been carried out on nanocrystalline alloys with constant grain size but varying solute content.  
Some of these studies have shown a strong strengthening effect [91, 92], while others have 
reported a softening effect with solute addition [93].  Neither of these trends can be described by 
classical solid solution strengthening models for coarse-grain materials, such as the Fleischer 
[94], Labusch [95], and Sazuki [96] theories, or even more sophisticated computational models 
[97, 98].  These classical theories assume easy glide of dislocations through the crystalline 
grains, which is opposed by weak solute obstacles due to mismatches in local modulus and 
atomic size.  Since these models rely on traditional dislocation mechanisms, it is somewhat 
expected that they would be inadequate for describing nanocrystalline behavior.  The influence 
of solid solution addition on the unique GB-dominated deformation mechanisms which control 
nanocrystalline plasticity remains an open question. 
   
1.3.2 GB structural state 
 
The common feature of the novel deformation mechanisms introduced in Section 1.2 is the 
emphasis placed on the GBs, which no longer only act as barriers to slip transmission; they 
become the primary facilitators for plastic deformation.  Because of the elevated importance of 
GBs in nanocrystalline materials, increased attention has been focused on studying the atomic 
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structure of boundaries in these materials.  A number of studies have reported that, in their as-
deposited or as-prepared state, nanocrystalline metals often contain nonequilibrium GBs with 
excess dislocations, misfit regions, or excess free volume [99-101].  It has also been shown that 
these nonequilibrium boundaries evolve during thermal annealing, where kinetic processes can 
work to annihilate excess defects through a process termed “grain boundary relaxation,” which is 
a low-temperature process that can occur without any measurable change in grain size or texture.  
GB relaxation upon annealing has been observed through high resolution TEM of 
nanocrystalline Fe prepared by high energy ball milling [99], where initially disconnected lattice 
planes commonly seen in the as-prepared material (Fig. 1.5a) evolved into more equilibrated 
structures with regularly spaced GB dislocations upon annealing (Fig. 1.5b).  X-ray atomic 
distribution function analysis of nanocrystalline Pd [102] also suggested that GB regions became 
more ordered after thermal exposure.  Calorimetry experiments have provided additional 
evidence for GB relaxation through the observation of exothermic signals prior to the onset of 
grain growth [103-105].  Detor and Schuh [82] showed that this heat release scales directly with 
GB area, supporting the interpretation that such an exothermic peak is associated with a GB 
relaxation process.   
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Figure 1.5 High resolution TEM images of GBs in (a) as-deposited and (b) annealed nanocrystalline Fe.  The 
GB becomes more ordered in the annealed specimen, where equally spaced GB dislocations can be seen.  
Images are from Ref. [99]. 
 
Since grain boundaries are central to plasticity in nanocrystalline materials, and since excess 
boundary defects could facilitate plasticity by acting as additional sources and sinks for 
dislocations or as facilitators of GB sliding, the relaxation of nonequilibrium boundaries should 
greatly impact mechanical properties in nanocrystalline materials.  In fact, recent experiments 
have connected the relaxation of GB structure to a pronounced strengthening effect in annealed 
nanocrystalline materials, and also suggest that heat-treated nanocrystalline alloys have a 
different dependence of strength on grain size [106-109].  Further isolating this effect, careful 
experiments have shown that low temperature annealing treatments can significantly increase 
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hardness [31, 82] and tensile yield strength [31] while grain size remains constant.  Molecular 
dynamics simulations of relaxation strengthening have shown that annealing lowers the number 
of atoms which are considered to be part of the boundary (increases atomic registry at the 
boundaries) and shifts the energy of the GB atoms to lower values [56, 110, 111].  All of these 
studies point to the fact that GB state can also dramatically alter mechanical properties and 
should be considered when attempting to improve material performance.   
 
In spite of the above progress, to date, very little is known about the time and temperature 
dependence of GB relaxation strengthening or its limits.  In addition, most previous studies have 
focused on annealing from a single isolated grain size, making it difficult to observe trends 
without comparing across different studies and materials.  In order to improve our understanding 
of GB relaxation strengthening and encourage more widespread utilization of this strengthening 
mechanism, systematic studies are needed. 
 
1.4 Mechanically-driven structural evolution 
 
As grain size is reduced to the nanometer scale, defects begin to account for an appreciable 
fraction of the overall material.  The extremely high defect density in nanocrystalline materials 
provides an immense thermodynamic driving force for evolution towards a more equilibrium 
state and, in recent years, research has shown that mechanical loading can evolve nanocrystalline 
structure.  Such structural evolution may also play a large role in the mechanical response of 
nanocrystalline materials. 
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In 2004, Zhang et al. [112] saw that the Vickers hardness of nanocrystalline Cu decreased 
significantly with increasing indenter dwell times.  Searching for an explanation for this trend, 
Zhang et al. performed TEM examinations of the material near the indents, finding that extensive 
grain growth had occurred during the deformation process.  It is important to note that the 
microstructure was unchanged in areas away from an indent, ruling out thermally-driven grain 
growth at room temperature.  Since these initial findings, a number of authors have observed 
mechanically-induced grain growth in pure nanocrystalline metals, such as Al [113-115], Ni [75, 
116, 117], and Cu [118-120], as well as nanocrystalline alloys, such as Ni-Fe [121, 122] and Co-
P [123].  Such grain growth can be seen in Fig. 1.6a and b, taken from the work of Gianola et al. 
[113], where nanocrystalline Al thin films were pulled in tension.  Through a combination of 
experimental techniques and TEM characterization, Rupert et al. [115] pinpointed shear stress as 
the driving force for this deformation-induced grain growth. 
 
Figure 1.6 TEM images of nanocrystalline Al films in (a) the as-deposited state and (b) after tensile 
deformation.  Images are from Ref. [113].  The GB migration responsible for such mechanically-driven grain 
growth is shown schematically in (c) and (d), which are taken from Ref. [124]. 
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Mechanically-induced grain growth is thought to result from a combination of GB migration and 
grain rotation.  Cahn et al. [124, 125] found that the atomic shuffling which occurs during GB 
sliding can also result in boundary migration normal to the GB plane, as shown schematically in 
Fig. 1.6c and d.  This coupled motion was found to depend on the misorientation between grains 
[124] and could be described using solutions to the Frank-Bilby equation [126], even for high-
angle GBs where the concept of discrete GB dislocations is not physically realistic.  Such GB 
migration was observed experimentally near a crack tip in nanocrystalline Al using in situ TEM 
by Legros et al. [127].  Grain growth can also occur by a process of rotation and coalescence.  In 
situ TEM studies have documented this process in nanocrystalline Ni [75] and Al [114], where 
neighboring grains rotate during deformation until they form larger agglomerates.  Due to the 
strong dependence of mechanical properties on grain size, such mechanically-induced grain 
growth should significantly affect subsequent mechanical response.  Gianola et al. [113] found 
that Al films which experienced grain growth exhibited lower strength and more ductility when 
tested in tension than films with a stable microstructure.  Similarly, Pan et al. [128] observed 
softening during multistep nanoindentation that was attributed to stress-driven grain growth. 
 
While grain growth during deformation represents an obvious example of microstructural 
evolution, changes to local GB character can also occur during the deformation of 
nanocrystalline metals.  MD studies of nanocrystalline Ni [73, 110] have shown that the atomic 
events associated with GB-dominated deformation mechanisms can cause the local GB structure 
to evolve towards a more equilibrium state.  Such evolution is shown in Fig. 1.7a and b, where a 
GB triple junction in the deformed sample has junction angles closer to the equilibrium 120° 
geometry.  Hasnaoui et al. [110] have shown that such deformation-induced changes in GB and 
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triple junction structure mimic structural changes which occur during annealing (shown in Fig. 
1.7c), at least in a qualitative sense, although the effect of this relaxation on subsequent 
mechanical properties was not explored.  In addition to being of scientific interest, the possibility 
that applied stresses can evolve the local GB structure may dramatically impact wear and fatigue 
properties.  Mechanical relaxation of nonequilibrium GB structure, and its expected 
accompanying strengthening effect, could be advantageous in some such situations, where cyclic 
hardening could, e.g., retard wear processes, or, on the other hand, could provide a local 
embrittlement mechanism that would promote cyclic fatigue crack advance.  However, no study 
to date has explicitly established that local structural relaxation of GBs, with a concomitant 
strength increase, can occur due to cyclic loading in a nanocrystalline material.   
 
Figure 1.7 Triple junction region in nanocrystalline Ni computational samples in the (a) as-prepared, (b) 
deformed, and (c) annealed states.  Both deformation and thermal annealing push the junctions angles closer 
to the equilibrium value of 120°.  Images are from Ref. [110].  
 
 
 
1.5 Problem statement and research objectives 
 
 
The discussion above suggests that our current understanding of nanocrystalline mechanical 
behavior is incomplete and a number of possible opportunities exist for the advancement of the 
field.  In particular, the vast majority of past efforts have focused only on understanding how 
grain size affects mechanical properties, but many other open research areas exist.  A central aim 
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of the present work is to explore alternative strengthening mechanisms in nanocrystalline alloys, 
specifically in hopes of isolating the influence of (1) solid solution additions and (2) GB 
structural state on nanocrystalline behavior.  We will also focus on obtaining a more complete 
understanding of deformation-induced structural evolution, as well as how such evolution 
impacts mechanical properties which are of practical importance. 
 
In order to address the issues outlined in the preceding paragraph, the present work is organized 
as follows: 
 
 Chapter 2:  The connection between solid solution addition and the strength of 
nanocrystalline alloys is explored using sputtered Ni-W alloys, which exhibit a constant 
nanocrystalline grain size over a wide range of compositions, as a model material system.  
Based on our observations, an improved model for solid solution strengthening at the 
nanoscale is introduced. 
 Chapter 3:  The time- and temperature-dependence of GB relaxation strengthening is 
studied in electrodeposited Ni-W alloys.  In addition, the magnitude of strengthening and 
effect on the dominant deformation mechanism are explored as a function of grain size. 
 Chapter 4:  The sliding wear response of electrodeposited Ni-W alloys is explored, as the 
extreme conditions imposed during sliding provide a strong mechanical driving force for 
structural evolution.  The impact of solid solution alloying additions, GB relaxation, and 
deformation-induced structural changes are all studied and their relative impact on a 
practically relevant mechanical property (wear resistance) is assessed. 
 33 
 Chapter 5:  Molecular dynamics simulations are used to probe the ability of cyclic 
mechanical treatments to evolve the GB structure and increase the strength of 
nanocrystalline metals. 
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Chapter 2 : Enhanced solid solution effects on strength in 
nanocrystalline alloys
1
 
  
2.1 Introduction 
 
It is only relatively recently that detailed understanding of the deformation mechanisms of 
nanocrystalline pure metals has emerged [52, 70, 72, 130, 131], and many early studies of 
alloying effects could not benefit from the insights of those works.   The understanding of 
deformation mechanisms in pure metals with nanoscale grain sizes is now sufficiently mature 
that it may be possible to begin to specifically isolate the effects of alloying additions upon those 
mechanisms.  In this chapter, some initial steps are provided towards the goal of understanding 
solid solution effects in nanocrystalline materials, by developing a set of idealized solid solution 
nanocrystalline specimens of Ni-W.  After exploring the processing space for these alloys by 
magnetron sputtering, a set of samples are prepared that all have the same grain size (~20 nm), 
but contain solid solution additions spanning a broad range of 0-20 at.% W.  The mechanical 
properties of these alloys are investigated to provide insight into solid solution strengthening of 
nanocrystalline metals, at a grain size where deformation is dominated by grain boundary 
processes.  The results are then generalized to other solid solutions, and broad conclusions about 
the role of solution alloying on the strength of nanocrystalline alloys are developed. 
 
 
 
 
 
                                                 
1
 The contents of this chapter have been previously published as [129] Rupert TJ, Trenkle JC, Schuh CA. Acta 
Mater. 2011;59:1619.  
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2.2 Experimental Methods 
 
As noted above, Ni-W is a well-studied nanocrystalline system, especially in electrodeposited 
form.  However, the grain size and composition of Ni-W electrodeposits are linked 
monotonically; in fact, composition is used to control grain size [14].  Here, we seek an 
alternative route for producing nanocrystalline Ni-W alloys where grain size is not controlled 
purely by composition.  Specifically, we employ sputter deposition, since this highly energetic 
deposition process leads to kinetic limitations on grain size.  The existing literature on sputter 
deposited Ni-W suggests that FCC, amorphous, or BCC phases can be produced [132-137], 
although detailed microstructural characterization spanning a wide range of compositions does 
not appear to exist.  Alloys with a broad range of compositions were deposited using an ATC 
magnetron sputtering system (AJA International, Scituate, MA).  Prior to deposition, the 
chamber was evacuated to < 10
-6
 Torr and then backfilled with Ar to 4 mTorr, which was 
maintained throughout deposition. Direct current magnetron sputtering was used; to vary the W 
content in the alloys, the relative currents to the W and Ni targets were adjusted.  To identify a 
composition range where grain size is constant, alloys for transmission electron microscopy 
(TEM) were directly deposited onto Ni TEM grids with a carbon-stabilized resin backing (Ted 
Pella Inc., Redding, CA) to a thickness of ~50 nm so that no subsequent sample preparation was 
necessary; these will be referred to throughout as the “thin” samples.  Thicker coatings 
(thickness ~ 1 µm) were deposited onto Si wafers for structural characterization by X-ray 
diffraction (XRD) and for mechanical testing by nanoindentation; these will be referred to as 
“thick” samples. 
 
 36 
The thin specimens were examined using a JEOL 2010 TEM operated at 200 kV.  The phases 
present in each sample were determined using bright field images and electron diffraction 
patterns.  Grain size (d) was measured by manually tracing individual grains and determining the 
circular equivalent diameter.  XRD of the thick specimens was performed on a PANalytical 
X’Pert Pro diffractometer with a Cu Kα radiation source operated at 45 kV and 40 mA.  XRD 
profiles were used for phase determination, to measure lattice parameter, and to estimate the 
average grain size to within ±15% by applying the Scherrer equation [138] to the (111) peak 
after subtracting instrumental broadening.  The composition of each alloy was measured by 
energy dispersive spectroscopy (EDS) in a Leo 438VP scanning electron microscope (SEM) 
operated at 20 kV. 
 
Mechanical properties were measured by instrumented nanoindentation using a Hysitron Ubi1 
with a diamond Berkovich tip.  The Oliver-Pharr method [139] was used to extract hardness and 
reduced modulus from load-displacement curves, using a tip area function which was carefully 
calibrated on fused silica.  All tests were carried out at constant indentation strain rates,  , given 
by [140]: 
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     (2.1) 
where h is indentation depth, t is time, and P is applied load.  After loading at the strain rate of 
interest, the sample was unloaded to 20% of the maximum load and a 10 s hold was used to 
characterize instrumental drift.  A maximum load of 2 mN was used, corresponding to 
indentation depths <100 nm for all films, less than 10% of the total film thickness in order to 
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avoid substrate effects.  Each data point presented is the average of data extracted from a 
minimum of 100 indentations. 
 
2.3 Structural Characterization 
 
2.3.1 Characterization of the thin specimens 
 
In total, 10 thin specimens with W content ranging from 0-66.3 at.% were produced for TEM 
investigation.  Fig. 2.1 presents TEM micrographs from selected specimens across the range of 
deposited compositions, while Table 2.1 provides W content, phases present, and grain size for 
all of the specimens.  The pure Ni sample (Fig. 2.1a) exhibits a nanocrystalline structure with a 
grain size of d ~ 10 nm and selected-area electron diffraction patterns confirm the phase to be 
FCC.  As W content increases to ~20 at.%, this same microstructure (nanocrystalline FCC, d ~ 
10 nm) is observed, with representative TEM images from the 8.9 and 19 at.% W alloys shown 
in Fig. 2.1b and c, respectively.  No evidence of stored dislocation networks was found in the 
grain interiors for any of the specimens, consistent with other reports of dislocation-free 
nanocrystalline microstructures [65, 113].  The electron diffraction patterns for the 8.9 and 19 
at.% W alloys (insets to Fig. 2.1b and c) show that the lattice parameter increases as the larger W 
atoms are substituted into the FCC lattice and that there is no obvious in-plane texture, with 
uniform brightness around each diffraction ring.  Some slight (220) out-of-plane texture may be 
present in the 19 at.% W sample, with the (220) ring being only slightly less intense than the 
(111) ring in Fig. 2.1c, but this texture appears to be subtle.  Fig. 2.2 presents the grain size 
distribution of a sample with 13.3 at.% W, which reveals an average grain size of 10 nm. 
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Figure 2.1 TEM images of sputtered Ni-W films.  (a-c) A nanocrystalline FCC structure with a constant grain 
size of ~10 nm is observed for 0-19 at.% W.  (d) A nanocrystalline FCC structure with a larger grain size and 
some irregular grains is found at 24.2 at.% W.  (e) An amorphous-nanocrystalline composite structure is 
found at 30.8 at.% W.  (f)  A fully amorphous structure is observed at 39.4 at.% W and above.  The electron 
diffraction patterns (inset) also provide evidence of the transitions between nanocrystalline, dual-phase 
amorphous-nanocrystalline, and amorphous structures.  In (b), (c), and (d), all diffraction rings can be 
indexed to the FCC nanocrystalline phase.  More discrete diffraction spots are seen in (d) due to the larger 
grain size.  (e) The broad halo characteristic of an amorphous phase is present, as well as discrete spots from 
coherent diffraction of an FCC phase.  (f) Broad diffraction rings are present in the pattern from the fully 
amorphous sample.  Closer inspection of the diffraction pattern suggests that some medium range order may 
be present. 
 
 
Further increasing the W content to 24.2 at.% still results in a nanocrystalline FCC structure, but 
the grain size and grain morphologies now change.  Fig. 2.1d presents a TEM image of this 
alloy, where an abnormally large grain (diameter of ~ 70 nm) with nonequilibrium morphology 
can be observed in the upper right corner and a number of medium-sized grains with diameters 
above 20 nm are seen throughout.  For compositions with more than ~30 at.% W, an amorphous 
phase is observed.  A dual-phase structure containing nanocrystals embedded in an amorphous 
matrix is found for 30.8 at.% W, as presented in Fig. 2.1e.  If W content is increased to 39.4 
at.%, the structure is found to be fully amorphous, as shown by the featureless TEM image in 
Fig. 2.1f.  Such a completely amorphous structure was observed for all of the samples with ~40-
66 at.% W.  The emergence of an amorphous phase at the compositions shown here suggests an 
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apparent solubility limit between approximately 24 and 30 at.% W.  While the equilibrium phase 
diagram predicts a solubility limit of only ~12 at.% W [141], the higher apparent solubility 
observed here is expected for two reasons.  First, nanocrystalline systems have higher solubility 
limits owing to relaxation of size mismatch strains at grain boundaries and related segregation 
effects [142, 143], and second, deposition processing leads to non-equilibrium structures and can 
by itself promote some supersaturation [144, 145].   Our results align with those from 
electrodeposited Ni-W, where up to ~27 at.% W was incorporated into a solid solution FCC 
phase [14].   
 
Table 2.1 Microstructure of sputtered thin Ni-W produced for TEM investigation (thickness ~ 50 nm). 
 
W content (at.%) Phases Present 
Average TEM 
Grain Size (nm) 
0 nanocrystalline FCC 10 ± 3 
4.8 nanocrystalline FCC 9 ± 3 
8.9 nanocrystalline FCC 10 ± 2 
13.3 nanocrystalline FCC 10 ± 3 
19 nanocrystalline FCC 11 ± 4 
24.2 nanocrystalline FCC 24 ± 16 
30.8 amorphous + nanocrystalline FCC 19 ± 10 
39.4 amorphous - 
50.3 amorphous - 
66.3 amorphous - 
 
Evidence of the transitions between nanocrystalline, dual-phase amorphous-nanocrystalline, and 
amorphous structures described above can also be seen in the electron diffraction patterns 
presented in the insets to Fig. 2.1.  Fig. 2.1b, c, and d show diffraction patterns from alloys with 
8.9, 19, and 24.2 at.% W, respectively.  All of the diffraction rings in these patterns can be 
attributed to an FCC solid solution, although more discrete spots are seen in Fig. 2.1d due to the 
larger grain size of the 24.2 at.% W specimen.  In Fig. 2.1e (30.8 at.% W), the broad halo 
characteristic of an amorphous phase is present, as well as discrete spots from coherent 
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diffraction of an FCC phase.  Finally, the pattern from the 39.4 at.% W specimen presented in 
Fig. 2.1f contains only broad diffraction halos.  Closer inspection of this pattern reveals that what 
appears to be the second halo at first glance is in fact two diffuse rings which are slightly 
overlapping, as has been observed in some amorphous alloys with medium range order on a 
length scale of 1-2 nm [146]. 
 
 
Figure 2.2 Grain size distribution measured of the 13.3 at.% W alloy.  The distribution has an average grain 
size of 10 nm. 
 
 
2.3.2 Characterization of the thick solid solution specimens 
 
Based on the results in Figs. 2.1 and 2.2, we may identify a composition range (up to about 20 
at.% W) over which we produce a single-phase solid solution with a constant grain size of ~10 
nm.  Accordingly, we now focus the remainder of the study on a select group of specimens from 
within this range: four alloy compositions (0, 9.1, 13.6, and 20 at.% W) were sputter deposited to 
~1 µm thickness for further testing.  The grain sizes of these thicker films, determined by XRD 
and included in Table 2.2, are all about the same at d  = 18 ± 2 nm.  Note that this grain size is 
slightly larger than we obtained in the thin samples examined in TEM (d ~ 10 nm), which 
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reflects a slight increase in the average grain size with film thickness, as has been observed for 
other sputtered metals [113, 147].  No evidence of any out-of-plane texture was observed in the 
XRD patterns for any of the specimens.  The subtle (220) texture observed in the thin specimen 
with a W content of ~20 at.% disappears as film thickness is increased. 
 
 
Table 2.2 Microstructure and mechanical properties of sputtered thick Ni-W specimens prepared for 
nanoindentation (thickness ~ 1 µm).  Note: the change in Burgers vector with composition was accounted for 
using Eq. 2.2. 
 
W 
content 
(at.%) 
Average 
XRD 
grain size 
(nm) 
Activation 
Volume 
(b
3
) 
Average 
hardness 
(GPa) 
Average 
Young’s 
Modulus 
(GPa) 
0 20 17 7.2 209 
9.1 16 11 8.2 231 
13.6 20 17 9.8 242 
20 16 14 10.3 253 
 
 
The lattice parameter of each thick specimen was also calculated from XRD determination of the 
(111) peak position.  Our measured values agree well with the experimentally established linear 
relation between lattice parameter and composition for Ni-W alloys [148]: 
ckaa Ni       (2.2) 
where a is the alloy lattice parameter, aNi is the lattice parameter of pure Ni (0.352 nm), k is a 
constant equal to 4.5 x 10
-2
 nm, and c is the atomic fraction of W.  As suggested in [14], Eq. 2.2 
is specifically valid for the interior of grains where diffraction occurs, so c here is interpreted as 
the grain interior composition (and is not expected to be sensitive to grain boundary 
composition).  Accordingly, by measuring a and using Eq. 2.2, the grain interior composition can 
be extracted as shown in Fig. 2.3, along with literature data for electrodeposited Ni-W [14].  The 
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dotted line represents the trend expected for a homogeneous solid solution; our data fall close to 
this curve, which suggests that grain boundary segregation in these deposits is subtle at best.  The 
good agreement with results from electrodeposited Ni-W is also encouraging, as grain boundary 
segregation has been studied in great detail in those alloys [149, 150] and indeed found to be 
very subtle (grain boundary excesses of ~4-8 at.% W).  (In contrast, for the strongly-segregating 
Fe-Zr system, a plot such as that of Fig. 2.3 would reveal the presence of segregation very clearly 
since the Fe lattice parameter is relatively unchanged as Zr is added [151].) 
 
 
Figure 2.3 Grain interior composition determined from X-ray diffraction data using Eq. 2, plotted against 
global composition.  Literature values for electrodeposited Ni-W alloys [14] are included for comparison.  
The dotted line represents the trend expected for a homogeneous solid solution.  Any segregation of W to the 
grain boundaries in sputtered Ni-W is subtle at best.  
 
 
In summary, Ni-W alloys can be sputter deposited with nanocrystalline, dual-phase 
nanocrystalline-amorphous, or fully amorphous microstructures.  Of interest here is the range of 
0-20 at.% W, where a single phase solid solution with a constant nanocrystalline grain size is 
produced.  In the subsequent sections, the thick films in this composition range will be used to 
isolate the effects of solute addition on mechanical properties. 
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2.4 Mechanical Behavior Measurements 
 
The mechanical behavior of the thick Ni-W specimens with 0-20 at.% W was investigated by 
performing nanoindentation.  The reduced modulus, ER, gives a composite measurement of the 
elastic properties of the Ni-W films and the diamond indenter tip following [139]: 
   
f
f
d
d
R EEE
22 111  


     (2.3) 
where E is Young’s modulus and v is Poisson’s ratio, while the subscripts d and f denote 
properties of the diamond tip and film, respectively.  Eq. 2.3 was used to extract the Young’s 
modulus of the Ni-W films, assuming literature values for the elastic properties of diamond (Ed = 
1140 GPa; vd = 0.07 [139]) and the Poisson’s ratio of Ni (vf = 0.31 [152]).  The average Young’s 
modulus for each specimen is presented in Table 2.2 and plotted against composition in Fig. 2.4.  
Inspection of Fig. 2.4 shows that Young’s modulus is 209 GPa for pure Ni, similar to the 
literature value of 207 GPa [152], and increases proportionally to W content.  The increase in 
Young’s modulus with alloying can be traced to the stiff bonds of W, which itself has a Young’s 
modulus of 402 GPa [153] in its BCC phase.   
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Figure 2.4 Young’s modulus, measured by nanoindentation, as a function of composition.  Modulus increases 
proportionally to W content.   
 
 
Hardness values were also measured at five indentation strain rates between 0.15 s
-1
 and 15 s
-1
.  
The results of these experiments are plotted against strain rate in Fig. 2.5a, demonstrating that 
hardness increases with strain rate for all of the compositions.  The rate sensitivity of hardness 
speaks to the dominant physical deformation mechanism, as revealed by calculating the apparent 
activation volume, V [154, 155]: 
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where k is the Boltzmann constant, T is absolute temperature,   is strain rate,   is uniaxial flow 
stress, and H is hardness (assuming a modified Tabor relation, H = 3.8  , shown in [25] for 
nanocrystalline Ni).  Activation volume is the volume over which work is done during a 
thermally activated event and is a signature of the dominant deformation mechanism.  Using Eq. 
2.4, the activation volumes for the Ni-W alloys are calculated, normalized by the cubed Burgers 
vector (b
3
) to facilitate comparison with literature values, and given in Table 2.2.  These values 
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are also plotted in Fig. 2.5b against literature data for other nanocrystalline metals [23, 27, 45, 
156, 157].  
 
Figure 2.5 (a) Hardness as a function of indentation strain rate.  For all compositions tested, hardness 
increases with increasing strain rate.  (b) Activation volumes for sputtered Ni-W plotted against grain size, 
along with literature values for other nanocrystalline metals [23, 27, 45, 156, 157].  The activation volumes are 
similar for all of the sputtered Ni-W alloys, suggesting that the same physical mechanism dominates 
deformation regardless of compositional changes.  The error bars on activation volume in (b) reflect the 
standard error of the raw hardness data and the linear regression procedure used to determine H ln . 
 
Activation volume decreases from ~1000 b
3
 for dislocation forest interactions in microcrystalline 
metals [158] to much smaller values as intragranular dislocation mechanisms are suppressed 
through grain refinement.  The measured activation volumes for the sputtered alloys lie near the 
minimum in the activation volume curve observed for grain sizes of ~10-20 nm, and are all 
between 11 and 17 b
3
.  These values align well with prior measurements from our group on 
electrodeposited Ni-W alloys with similar grain sizes [45], and are also consistent with a specific 
mechanism widely believed to dominate for grains of this size scale: the emission of dislocations 
from grain boundary sources [60, 157, 159].    More importantly, the similarity among the 
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activation volumes of our specimens suggests that the same deformation mechanism dominates, 
regardless of compositional changes. 
   
The fact that the alloys studied here all have the same grain size (d ~ 18 nm) and exhibit the 
same dominant deformation mechanism suggests that any observed trends in mechanical 
properties with composition can be attributed solely to the effects of solid solution additions; Fig. 
2.5b suggests that the mechanism does not depend on composition, whereas Fig. 2.5a shows that 
the hardness strongly does.  To better reveal this trend, the hardness measurements in Fig. 2.5a 
were averaged over the five indentation strain rates to facilitate a comparison with respect to 
alloy composition.  These average hardness values are included in Table 2.2 and plotted against 
composition in Fig. 2.6a, where a pronounced strengthening effect is observed as W content 
increases.  The hardness increases from 7.2 GPa for pure Ni to 10.3 GPa for 20 at.% W, an 
increase of ~43%.  To provide a frame of reference, such an improvement is comparable to the 
increase in strength observed in pure nanocrystalline Ni for grain refinement over almost an 
order of magnitude, from ~200 to ~40 nm [18].  In addition, this strengthening is much more 
pronounced than the solid solution strengthening which has been previously reported for coarse-
grained Ni-W [160], as shown by the comparison in Fig. 2.6b (with coarse-grained Ni-W tensile 
flow stress data from [160] converted to hardness with a proportionality factor of three).  
Whereas the literature data for coarse-grained Ni-W reveal sub-GPa levels of strengthening 
across the accessible solution range, the solution strengthening in the nanocrystalline material is 
quite substantially larger (up to several GPa).   
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Figure 2.6 (a) Hardness, measured by nanoindentation, as a function of composition.  Hardness increases 
significantly with solute addition, increasing by 43% for 20 at.% W.   (b) The change in hardness with solute 
addition, for both coarse-grained [160] and nanocrystalline Ni-W.  Nanocrystalline Ni-W demonstrates much 
more pronounced solid solution strengthening than its coarse-grained counterparts. 
 
In the discussion that follows, we will explore the possible origins of this unexpectedly large 
solid solution strengthening effect in nanocrystalline Ni-W.  The insights gained from this 
dataset are then used to comment more broadly on solid solution effects in nanocrystalline 
alloys. 
 
2.5 Discussion 
 
2.5.1 A new solid solution strengthening mechanism in the nanocrystalline regime 
 
A general scaling law describing the strength of a metal pertains to the spacing and strength of 
obstacles encountered by dislocations [2, 94]: 
     
Lb
F
       (2.5) 
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where τ is shear strength, F is the restraining force of an obstacle, b is the Burgers vector, and L 
is the spacing between obstacles.  This simple scaling relation can provide key physical insight 
on the two effects of relevance here: traditional solid solution strengthening and solution 
strengthening associated with the nanocrystalline grain size.   
 
As a starting point for the discussion, it is useful to revisit the mechanism of traditional solid 
solution strengthening in coarse-grained alloys, where the relevant obstacles are solute atoms, 
which influence the elastic energy of a dislocation due to both local size and modulus changes 
and act as weak obstacles to dislocation motion.  There are a number of theories for solid 
solution strengthening in coarse-grained metals, including the classical Fleischer model [94], 
which applies mostly for dilute alloys, the Labusch theory [95], which extends the analysis to 
more concentrated solutions, the Suzuki theory [96], which focuses on chemical effects, as well 
as other more sophisticated computational models [97, 98].  For our purposes, any of these 
models is sufficient to offer a basic physical view of strengthening, and in fact a simpler model is 
preferred in order to focus the discussion on the unique effects that emerge in nanostructured 
alloys.  In what follows, we will therefore use the Fleischer model in a schematic sense, and 
account for coarse-grained solid solution strengthening by directly fitting this model to 
experimental data. 
 
In the Fleischer formulation for substitutional solutes in cubic metals [94], changes to lattice 
parameter and shear modulus in the local vicinity of a solute atom are incorporated into an 
interaction parameter, S , that accounts for the local resistance to dislocation propagation: 
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where G is shear modulus.  Based on a combination of empirical observations and mechanistic 
arguments, Fleischer found that SsolventbGF 
2  ( is a proportionality constant) and 
cbL  , where   is the bending angle of a passing flexible dislocation and is proportional 
to S  [94].  By substituting these terms into Eq. 2.5, the increase in shear strength due to a solid 
solution addition in a coarse-grained alloy is predicted by the Fleischer model as: 
2123 // cGA SsolventFleischer      (2.7) 
where A is a fitting constant.  From literature data for coarse-grained Ni-W solid solutions 
already shown in Fig. 2.6b [160], A is empirically fitted as 0.0235 GPa
-1
.  (The interaction 
parameter is calculated using Eq. 2.6 with input on the modulus from Fig. 2.4, lattice parameter 
from Eq. 2.2, and using the Poisson’s ratio of Ni, v = 0.31 [152]).  The fit of Eq. 2.7 to the 
coarse-grained Ni-W data in Fig. 2.6b reflects the well-known parabolic dependence upon 
composition.   
 
However, in the case of nanocrystalline Ni-W, solute atoms may no longer be the only relevant 
obstacles present.  Molecular dynamic simulations [53, 58], TEM [61], and in situ XRD [63] 
have suggested that grain boundary dislocation activity dominates deformation in nanocrystalline 
materials with grain sizes similar to those studied here.  A widely accepted strength-limiting 
mechanism in these materials is a full dislocation (or a complete set of partial dislocations) being 
emitted from the grain boundary and traversing a grain.  For this mechanism the scaling of Eq. 
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2.5 still applies, but the dislocations bow between pinning sites within the grain boundaries, such 
as grain boundary ledges [60].  In this case the dislocation obstacle spacing is essentially the 
same as the grain size itself, dL  , and pinning points at the grain boundary are envisioned to 
be strong obstacles to dislocation motion, for which 
2bGF .  Substituting these terms into Eq. 
2.5, the shear stress, nc , required for dislocation motion through nanocrystalline pinning points 
is given by: 
d
bG
nc        (2.8) 
Asaro et al. [131], as well as others [52, 161], have developed expressions along similar lines for 
nanocrystalline metals.  (An alternative but similar mechanism has been proposed, where a 
leading partial dislocation is emitted from the grain boundary and traverses the entire grain 
before the trailing partial dislocation is emitted.  Such a mechanism was considered but could not 
explain our observations for the Ni-W system.  See Appendix A for a comparison of this partial 
dislocation model and the nanocrystalline pinning model used here.) 
 
Eq. 2.8 is a simple scaling relation describing the strength of a nanocrystalline material when the 
grain size dictates the relevant pinning points for a dislocation process.  Accordingly, it is 
interesting to consider how the simple scaling of Eq. 2.8 could be affected by the presence of 
solute.  The answer is straightforward: solute additions can affect the strength of a 
nanocrystalline alloy simply by virtue of their effect on the global properties of the crystal, i.e., 
by changing the global modulus, G, and Burgers vector, b, without affecting the controlling 
deformation mechanism.  In other words, nanocrystalline dislocation pinning remains the 
strength-controlling mechanism, but its potency depends on changes to global shear modulus and 
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Burgers vector, since dislocations are bowing through a medium whose elastic properties have 
been altered by alloying.  In nanocrystalline metals, the inherent strong obstacles to dislocation 
motion, grain boundaries with nanometer separations, render changes to the global material 
properties of critical importance, whereas the classical Fleischer model focuses on the local 
changes of lattice properties around individual solutes.  
 
When applied to a binary alloy, the nanocrystalline pinning model given in Eq. 2.8 can be 
decomposed into the contribution of the pure nanocrystalline metal, onc, , and the strengthening 
increment from solid solution addition, SSnc, : 
    SSnconcnc ,,        (2.9) 
where the shear strength due to nanocrystalline pinning in a pure metal is given by: 
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while the strengthening increment from nanocrystalline solution pinning is given by: 
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The second term in Eq. 2.11 is a higher-order combination that is negligible to first order:   
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In Eq. 2.12, the terms in parentheses represent changes to the global lattice properties, and by 
analogy with Fleischer’s construction in Eq. 2.6, can be termed the interaction parameter for the 
nanocrystalline solution pinning model: 
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which permits the nanocrystalline solution pinning effect to be rephrased in terms similar to the 
Fleischer model, but now with an interaction parameter which encompasses global property 
changes caused by solutes instead of local dislocation-solute interactions: 
    c
d
bG
nc
solventsolvent
SSnc   ,     (2.14) 
According to Eq. 2.14, the composition dependence of nanocrystalline solution pinning is 
approximately linear in c; note the difference here from the c
1/2
 dependence of the classical 
Fleischer model.  A linear dependence is more in line with our experimental solid solution 
strengthening data in Fig. 2.6b.  For nanocrystalline Ni-W, we can also note that the change in 
shear modulus should dominate the strengthening effect, as shear modulus increases by 21% 
versus only a 2.5% increase of the Burgers vector for the maximum of 20 at.% W. 
 
The total strength of a nanocrystalline alloy should be estimated by combining both of the 
mechanisms discussed above.  Imagining that finely spaced grain boundary pinning points will 
become more potent due to changes in the global properties of the material, while the Fleischer 
mechanism will still operate when dislocations encounter individual solutes, we may assume 
additive contributions from Eqs. 2.7 and 2.14 to find the total strengthening from solute addition: 
FleischerSSnc   ,      (2.15) 
which combines with the strength of a pure nanocrystalline metal (Eq. 2.9) to give the total shear 
strength of a nanocrystalline alloy: 
FleischerSSnconc   ,,     (2.16) 
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The hardness values predicted by Eq. 2.16 are presented in Fig. 2.7, along with our experimental 
measurements of hardness for the sputtered Ni-W system.  To calculate the predicted hardness, 
the average XRD grain size (d = 18 nm) and the modified Tabor relation used previously (H = 
3.8   [25]) are used.  Eq. 2.16 predicts the strength of pure nanocrystalline Ni as well as the 
observed dependence of strength on W content with surprising accuracy; note that while the 
Fleischer strengthening contribution (to find the constant A) was calibrated to experimental data 
from coarse-grained Ni-W in Fig. 2.6b, the additional contribution for nanocrystalline solution 
pinning relies on no additional adjustable parameters.  These individual contributions are also 
shown in Fig. 2.7, demonstrating that neither effect alone is large enough to completely explain 
the observed strengthening.  The grey shaded area in Fig. 2.7 corresponds to the bounds of the 
nanocrystalline pinning contribution calculated using values of grain size from 16-20 nm, 
demonstrating that the small uncertainty in our grain sizes does not significantly affect the 
magnitude of the nanocrystalline pinning contribution or change our conclusions.  Both solid 
solution strengthening mechanisms must be accounted for in these alloys. 
 54 
 
Figure 2.7 Hardness for nanocrystalline Ni-W as a function of W content, along with predictions based on 
Fleischer strengthening, nanocrystalline solution pinning strengthening, and a combination of the two effects.  
Neither model can explain the observed strengthening by itself, but the combination of the two effects 
provides a good match to the experimental results.   The grey shaded area corresponds to the bounds of the 
nanocrystalline pinning contribution calculated using values of grain size from 16-20 nm, demonstrating that 
the small uncertainty in our grain sizes does not significantly affect the magnitude of the nanocrystalline 
pinning contribution. 
 
 
2.5.2 Consequences of the new solid solution effect 
 
The above section showed that in nanocrystalline alloys, traditional Fleischer strengthening is 
augmented by a new solid solution mechanism where the alloying affects the global properties of 
the lattice, which in turn affects the yield strength.  In the simplest terms, Eq. 2.14 can be 
interpreted in the following way: in nanocrystalline alloys, elements which stiffen the lattice (i.e., 
have a positive value of cG  ) or expand it (i.e., have a positive value of cb  ) increase the 
stress needed to reach the yield strain.  In cases where the alloying element is significantly 
stiffer, as for W in Ni, the strengthening effect can be very large, as seen in our data in Fig. 2.7.  
However, an interesting implicit prediction not immediately apparent from our discussion of Ni-
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W is that alloying can lead to negligible strengthening if cG   is small, and, in fact, can lead to 
solid solution softening when cG   is negative.  This stands in contrast to traditional solid 
solution strengthening models, which exhibit the well-known characteristic that they often expect 
hardening regardless of whether the solute element is stiffer or more compliant than the solvent.   
 
An example of such behavior is shown in Fig. 2.8a, where the shear strength of single crystalline 
Ni-Cu increases with Cu content [162] in a manner that can be accurately described by the 
Fleischer strengthening model (Eq. 2.7).   Even though Cu has a significantly lower shear 
modulus than Ni, strengthening is observed.  Alternatively, the nanocrystalline solution pinning 
mechanism (Eq. 2.14) predicts solid solution softening for nanocrystalline Ni-Cu alloys, due to 
the decreasing global shear modulus.  Microhardness data from Ref. [93] for Ni-Cu alloys with 
grain sizes of ~20 nm is shown in Fig. 2.8b, and indeed does show softening with Cu addition.  
This trend can be well-described by Eq. 2.15, with the softening predicted by the nanocrystalline 
solution pinning term dominating the overall solid solution effect in this case.  The predictions 
shown in Fig. 2.8b, based on Eq. 2.15, take their input from [152, 162], and again involve no 
adjustable parameters.   
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Figure 2.8 (a) Shear strength of single crystalline Ni-Cu [162], showing solid solution hardening even for a 
more compliant solute addition.  Such behavior is predicted by traditional models, such as the Fleischer 
model (Eq. 2.7).  (b) Nanocrystalline Ni-Cu alloys [93], however, show solid solution softening in line with 
predictions based on a combination of the nanocrystalline solution pinning  model and the Fleischer model 
(Eq. 2.15). 
 
To show that the solid solution effects captured in Eq. 2.15 apply broadly to many 
nanocrystalline alloys, data from the Pt-Ru [91], Ni-Co [163], and Fe-Cu [93] systems are added 
to those discussed above in Fig. 2.9.  These systems were chosen from the relatively large 
number of experimental works on nanocrystalline alloy systems, because these studies exhibit 
the unique property of collecting systematic data at several solid solution compositions at a 
roughly  constant grain size.  Details about the structure and production of the chosen alloys are 
presented in Table 2.3.  Fig. 2.9 shows the measured change in hardness with solute addition for 
these alloys, along with the predicted trends from Eq. 2.15.  (Reliable data for the solution 
hardening of coarse-grained Fe-Cu alloys could not be found due to the extremely limited 
solubility of Cu in Fe [164].  Therefore, for the Fe-Cu system, only the effect of the 
nanocrystalline solution pinning model is accounted for here.)  From the close agreement 
between Eq. 2.15 and the experimental data, we believe that our discussion has identified the 
 57 
controlling physical solute effects for a wide range of nanocrystalline alloys, capturing 
everything from strong strengthening for Pt-Ru to softening for Ni-Cu and Fe-Cu.   
 
Figure 2.9 The change in hardness with solute addition for nanocrystalline Pt-Ru [91], Ni-Co [163], Ni-Cu 
[93], and Fe-Cu [93] alloys.  In all four cases, the observed solution effects can be predicted by the combined 
solid solution model presented in Eq. 2.15.  Predictions from Eq. 2.15 are shown as solid lines. 
  
 
Table 2.3 Microstructure and processing history of nanocrystalline alloys included in Fig. 2.9. 
Elemental 
System 
Reference 
Grain 
Size 
(nm) 
Crystal 
Structure 
Production 
Method 
Reference for 
Coarse-Grained 
Solution 
Strengthening 
Pt-Ru [91] 33 FCC Sputtering [152] 
Ni-Co [163] 16 FCC Ball Milling [165] 
Ni-Cu [93] 20 FCC Ball Milling [162] 
Fe-Cu [93] 16 BCC Ball Milling  
 
 
2.5.3 Critical grain sizes for solid solution effects 
 
Comparison of the two models for solid solution strengthening (Eqs. 2.7 and 2.14) also shows 
that nanocrystalline solution strengthening has a dependence on grain size while classical 
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Fleischer strengthening does not.  Therefore, a critical grain size exists where the solid solution 
effect predicted by both models is of equal magnitude, separating regimes of dominance for the 
two effects.  This is shown in Fig 2.10a, where the results of both models are plotted as a 
function of grain size for Ni containing 15 at.% W.  It is only at grain sizes below the cross-over 
(dc = 29 nm here) that the new contribution from nanocrystalline solution pinning becomes 
dominant, whereas the classical Fleischer effect dominates at larger grain sizes.  The critical 
grain size can be calculated from Eqs. 2.7 and 2.14 as: 
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     (2.17) 
The critical grain size for Ni-W is plotted against composition in Fig. 2.10b, showing that the 
nanocrystalline solution pinning mechanism dominates strengthening for smaller grain sizes and 
larger amounts of solute addition.   
 
Figure 2.10 (a) Strength increase for Ni-15at.%W from the nanocrystalline solution pinning and Fleischer 
models, showing that a critical grain size exists where the strengthening predicted by the models is equal.  For 
grain sizes below this critical value, the nanocrystalline solution pinning term dominates the strengthening 
effect.  (b) The critical grain size is plotted against composition, showing that nanocrystalline solution pinning 
strengthening dominates for smaller grain sizes and larger amounts of W addition.   
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In cases where the nanocrystalline solution pinning term predicts softening (e.g. for Ni-Cu), the 
critical grain size represents the point at which the softening from the nanocrystalline solution 
pinning model equals the strengthening from the Fleischer model, resulting in no net effect of 
alloying upon strength.  This is shown in Fig. 2.11a, where the two strengthening terms and the 
total combined effect are plotted as a function of grain size for Ni-15Cu (at.%).  For grain sizes 
below this critical value, an overall softening is predicted.  The critical grain size for Ni-Cu is 
plotted against composition in Fig. 2.11b, demonstrating that solute softening should occur for 
smaller grain sizes and larger amounts of solute addition.  For the case where nanocrystalline 
solution pinning causes a softening effect which competes with Fleischer strengthening, the sign 
of the net solid solution effect can be predicted using Eq. 2.17. 
 
Figure 2.11 (a) Solution effects for Ni-15at.%Cu from the nanocrystalline solution pinning and Fleischer 
models, showing that a critical grain size exists where the two contributions cancel out, resulting in zero net 
effect.  For grain sizes below this critical value, a softening effect occurs.  (b) The critical grain size is plotted 
against composition, showing that solid solution softening occurs for smaller grain sizes and larger amounts 
of Cu addition. 
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2.6 Conclusions 
 
Sputtered Ni-W has been used as a model system to study solid solution strengthening in 
nanocrystalline alloys.  The results presented here allow the following conclusions to be made: 
 
 The microstructure of sputtered Ni-W alloys transitions from nanocrystalline to 
amorphous-nanocrystalline composite to fully amorphous as W content is increased.  
Since a constant nanocrystalline grain size is found over a broad range of compositions 
from 0-20 at% W, these alloys can be used to decouple solid solution strengthening from 
grain size effects.   
 Substitutional solute addition alone can significantly increase the strength of 
nanocrystalline alloys; in the case of Ni-W, we observe an increase in hardness of ~43%, 
amounting to 3.1 GPa, as W content increases to ~20 at.%.  The increase appears 
roughly linear in composition, and is much larger than expected for traditional 
dislocation-solute interaction models. 
 A model based on dislocation pinning at nanocrystalline grain boundaries can provide 
the missing link for predicting solid solution strengthening in nanocrystalline alloys.  For 
such a mechanism, the effect of solute addition on the global average elastic modulus is 
of primary importance.  When this nanocrystalline solution pinning model is combined 
with the traditional Fleischer model, the strengths of Ni and Ni-W alloys with grain sizes 
of ~20 nm can be accurately described.   
 The combined solid solution model presented here can predict the solid solution 
strengthening or softening behavior of a number of nanocrystalline alloys.  The ability to 
predict the softening which has been observed for some nanocrystalline systems, namely 
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those where the solutes are more compliant than the matrix, is particularly interesting, as 
traditional models predict strengthening with solute addition for these systems. 
 Due to the grain size dependence of the nanocrystalline solution pinning term, a critical 
grain size can be found where the contribution of this unique nanocrystalline 
deformation mechanism is equal to that of the traditional Fleischer mechanism.  
Depending on whether the two mechanisms work together or compete, this critical value 
allows the dominant contribution to strengthening or the net solid solution effect 
(strengthening versus softening) to be found. 
 
Taken as a whole, our work shows that alloying additions significantly influence the mechanical 
response of nanocrystalline metals.  The experimental results presented here isolate the effects of 
solute addition on mechanical behavior, showing that solid solution strengthening in 
nanocrystalline metals can be significantly different from expectations based on traditional solid 
solution strengthening models.   
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Chapter 3 : Grain boundary relaxation strengthening of 
nanocrystalline alloys 
 
3.1 Introduction 
 
As mentioned in Chapter 1, very little is known about the time and temperature dependence of 
grain boundary relaxation strengthening or its limits.  With these issues in mind, the purpose of 
Chapter 3 is to systematically study grain boundary relaxation strengthening in nanocrystalline 
Ni-W alloys.  We begin by reporting on the kinetics of strengthening at two critical 
nanocrystalline grain sizes using controlled annealing treatments at multiple temperatures.  Next, 
the effect of relaxation on the strength and dominant deformation mechanisms of alloys with 
grain sizes from 3-100 nm is explored.  Drawing insight from these experiments, we propose 
physical mechanisms for grain boundary relaxation and the resultant hardening effects. 
 
 
3.2 Experimental Methods 
 
Nanocrystalline Ni-W specimens of 50-100 µm thickness were produced by pulsed 
electrodeposition, using the bath chemistry and deposition conditions of Detor and Schuh [14].  
Commercial purity Ni substrates were used as the cathodes for the deposition process, with a 
platinum mesh as the anode.  Before deposition, the Ni cathodes were mechanically polished and 
electrocleaned.  Following Detor and Schuh, the applied current waveform was systematically 
adjusted to produce alloys with different average grain sizes (d).  The composition and grain size 
of these alloys are intimately connected, with increased W content promoting finer grain sizes 
[14].  After deposition, specimens were isothermally annealed at temperatures from 150-300°C, 
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followed by a water quench.  These annealing temperatures are relatively mild for the Ni-W 
system and were chosen to avoid grain growth and chemical ordering, following an earlier study 
of the thermal stability of Ni-W [82].  Each specimen was mechanically polished to a root mean 
square roughness of < 10 nm to give a surface suitable for indentation testing.   
 
Structural characterization of both as-deposited and annealed specimens was performed by X-ray 
diffraction (XRD) using a Rigaku RU300 diffractometer with a rotating Cu Kα radiation source 
operated at 50 kV and 300 mA.  The XRD profiles were used to confirm that the alloys were 
polycrystalline fcc solid solutions and to estimate the average grain size to within ±25% by 
applying the integral breadth method [166] to the {111} family of peaks after subtracting 
instrumental broadening.  For the smallest grain sizes, only the (111) peak was available and the 
single peak Scherrer analysis [138] was used.  These analysis techniques have been shown to be 
accurate for Ni-W alloys in [14, 45, 82], where the measured XRD grain sizes were confirmed 
by transmission electron microscopy (TEM).  TEM observations in this study were performed 
with a JEOL 2010 operated at 200 kV in bright field imaging mode.  TEM specimens were 
prepared using a Fischione 1010 Ion Mill, with liquid nitrogen cooling to prevent structural 
evolution during milling.  Scanning electron microscopy (SEM) with a FEI/Phillips FEG ESEM 
operating at 10 kV in high vacuum mode was used to investigate the surface morphology of 
selected residual impressions from nanoindentation. 
 
Mechanical properties were measured with either Vickers microhardness or instrumented 
nanoindentation.  Microhardness was measured using a LECO model LM247 indenter with an 
applied load of 50 g and a 15 s hold.  Each reported microhardness data point represents the 
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average of 10 indentations.  Nanoindentation was performed using a Hysitron Ubi1 with a 
diamond Berkovich tip.  The Oliver-Pharr method [139] was used to extract hardness from load-
displacement curves, using a tip area function calibrated on fused silica.  All nanoindentation 
tests were carried out at constant indentation strain rates,  , which for a non-creeping material is 
given by [140]: 
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where h is indentation depth, t is time, and P is applied load.  After loading at the strain rate of 
interest, the sample was unloaded to 20% of the maximum load and a 10 s hold was used to 
characterize instrumental drift.  A maximum load of 10 mN was used for each test and each 
nanoindentation data point presented is the average value extracted from a minimum of 30 
indentations. 
 
 
 
3.3 Kinetics of Grain Boundary Relaxation 
 
In order to study grain boundary relaxation kinetics, specimens were produced with average 
grain sizes of 3 and 12 nm, which are two critical structures of interest.  The d = 3 nm specimens 
represent the extreme of grain refinement, where previous studies have shown that plastic 
deformation begins to resemble the behavior of an amorphous metal [45].  The 12 nm grain size 
represents the grain structure where maxima in the strength, rate dependence and pressure 
dependence of strength have been observed [45, 46, 167], and is thought to be near the critical 
point where the physical mechanism which controls plasticity transitions from grain boundary 
dislocation emission to grain boundary sliding and rotation (i.e., the peak defining the cross-over 
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between Hall-Petch scaling and Hall-Petch breakdown).  These specimens were annealed at three 
different temperatures (150°C, 225°C, and 300°C) and Vickers microhardness was measured at 
regular intervals.  To confirm that any measured changes in hardness were truly a consequence 
of grain boundary relaxation alone, grain size was measured before and after heat treatment 
using XRD and TEM.  TEM images of a specimen with d = 12 nm in both the as-deposited state 
(Fig. 3.1a) and after a treatment of 300°C for 60 min (Fig. 3.1b) show that even the harshest 
thermal treatments applied in this study do not cause obvious changes to the microstructure, that 
is, to the grain size or size distribution.  For all of the treatments presented in this paper, grain 
size was found to remain unchanged by annealing.   
 
Figure 3.1 TEM images showing the grain structure of nanocrystalline Ni-W in the (a) as-deposited state and 
(b) after annealing for 60 min at 300°C.  The grain size is found to be ~12 nm in both cases and no obvious 
structural changes are observed after annealing. 
 
 
Hardness is presented as a function of annealing time in Fig. 3.2 for the three different 
temperatures of interest.  In all three cases, hardness increases apparently linearly with time until 
a maximum value is reached, after which a plateau in hardness occurs with further annealing.  
The rate of hardening, as well as the magnitude of the hardness plateau, depends on the 
annealing temperature, with higher temperatures promoting faster and more pronounced 
strengthening.  There appear to be at least two different processes of interest which occur during 
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GB relaxation hardening, with one process controlling the kinetics of the linear strengthening 
regime and the other process limiting the maximum amount of strengthening that can be realized.  
Since the strength of a nanocrystalline metal is believed to scale directly with the grain boundary 
relaxation state [56, 111], the observed strengthening trends can be used to obtain a clearer 
picture of the physical mechanisms behind grain boundary relaxation kinetics. 
 
Figure 3.2 Vickers hardness versus annealing time for grain sizes of 3 and 12 nm at annealing temperatures 
of (a) 150°C, (b) 225°C, and (c) 300°C.  For both grain sizes and all annealing temperatures, hardness is 
observed to first increase linearly with time, followed by a plateau.  The magnitude of the hardness plateau 
increases with increasing annealing temperature. 
 
The impact of temperature on the rate of hardening can be qualitatively appreciated by noticing 
the difference in the time axis scales between Fig. 3.2a and c.  While relaxation hardening is 
completed within 10 min at 300°C, a similar saturation requires ~360 min at 150°C.  To quantify 
the hardening rates, a simple zero-order kinetic law was fitted to the initial linear portions of the 
hardness versus time curves shown in Fig. 3.2a-c: 
tkHH o       (3.2) 
where H is the hardness at a given time, Ho is the as-deposited hardness, k is the rate constant for 
hardening, and t is time.  The calculated hardening rates for all of the specimens and annealing 
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temperatures are included in Table 3.1.  The temperature dependence of relaxation hardening can 
be analyzed by fitting the hardening rates, k, with the Arrhenius equation:  

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where A is a pre-exponential constant, Qa is the apparent activation energy, R is the universal gas 
constant, and T is absolute temperature.  Fig. 3.3 shows an Arrhenius plot where the natural 
logarithm of the hardening rates is plotted as a function of reciprocal temperature, from which 
activation energies of 54 and 50 kJ/mol are extracted for the d = 3 nm and d = 12 nm alloys, 
respectively.  The pre-exponential constants and activation energies are also included in Table 
3.1.   
Table 3.1 Kinetic parameters for grain boundary relaxation hardening in nanocrystalline Ni-W 
 
Grain 
Size 
(nm) 
Hardening Rate 
at 150°C (GPa 
min
-1
) 
Hardening Rate 
at 225°C (GPa 
min
-1
) 
Hardening Rate 
at 300°C (GPa 
min
-1
) 
Pre-
exponential 
Constant 
(GPa min
-1
) 
Activation 
Energy (kJ 
mol
-1
) 
3 2.60 x 10
-3 
4.19 x 10
-2
 1.41 x 10
-1
 16680 54 
12 2.05 x 10
-3 
2.93 x 10
-2
 7.98 x 10
-2
 3650 50 
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Figure 3.3 An Arrhenius plot showing the natural logarithm of the hardening rate (Eq. 3.2) as a function of 
the inverse temperature.  From this data, activation energies for relaxation hardening of the d = 3 nm and d = 
12 nm specimens is calculated as 54 kJ/mol and 50 kJ/mol, respectively. 
 
To our knowledge, the only existing theory describing the kinetics of grain boundary relaxation 
is the work of Nazarov [168].  This work proposes that the relaxation process is dominated by 
the diffusion of vacancies along grain boundaries from excess defects to triple junctions.  The 
grain boundary defects are envisioned to climb to a triple junction where they can be 
accommodated by the excess free volume at this point, making grain boundary diffusion the 
critical kinetic process.  However, our measured activation energies for relaxation strengthening 
are significantly lower than reported activation energies for grain boundary diffusion in Ni (115 
kJ/mol [169]), suggesting that such a mechanism may not be the critical process.  Furthermore, 
the mechanism proposed by Nazarov predicts that the kinetics of grain boundary relaxation 
should have a strong dependence on grain size, with the characteristic time for relaxation 
proportional to the cube of grain size (d
3
) [168].  We observe very different behavior in Fig. 3.2, 
where the time to hardness saturation is similar for both grain sizes at all three temperatures. 
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Alternatively, recent work has suggested that triple junctions may act as short-circuit diffusion 
paths for nanocrystalline grain sizes at low homologous temperatures [170], dominating 
diffusion kinetics under such conditions.  Since the grain sizes studied here are very fine (d < 100 
nm) and the maximum annealing temperatures used here are relatively low (T ≤ 0.33 TM), the 
apparent activation energy for interface diffusion in these alloys should be very close to the 
activation energy for triple junction diffusion.  Chen and Schuh [171] examined the available 
diffusion data for nanocrystalline Ni and were able to back out the activation energy for triple 
junction diffusion in Ni, arriving at a value of 50 kJ/mol.  The agreement between this value and 
our calculated activation energy for relaxation hardening suggests that rapid diffusion along 
triple junctions controls the relaxation kinetics of nonequilibrium grain boundary structures.  We 
envision that the escape of free volume out of the sample by way of the triple junctions is the 
critical physical process for controlling the rate of grain boundary relaxation. 
 
The maximum amount of hardening observed in Fig. 3.2 also exhibits a temperature dependence, 
with higher temperatures resulting in a greater level of achievable strength.  While annealing at 
300°C can increase the hardness of a d = 3 nm alloy from an as-deposited value of 7.7 to 9.3 
GPa, a 150°C treatment can apparently only harden the same material to 8.7 GPa.  There appears 
to be a temperature-dependent limitation to the number of grain boundary defects that can be 
relaxed through the triple junction diffusion mechanism discussed above, with higher 
temperatures leading to more relaxed grain boundary structures.  Calorimetry experiments on 
nanocrystalline Pt [105, 172] also show evidence of such a temperature-dependent relaxation 
plateau, with isothermal experiments showing that more heat is released at higher annealing 
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temperatures when the recovery process is allowed to proceed to completion.  To quantify this 
effect, the temperature dependence of the maximum hardness change, ΔHmax, was fitted with an 
Arrhenius equation: 
      
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where Hmax is the maximum hardness (i.e., the magnitude of the hardness plateau), B is a pre-
exponential constant, and Ea is an apparent characteristic energy term.  Fig. 3.4 shows an 
Arrhenius plot where the natural logarithm of the maximum hardness is plotted as a function of 
reciprocal temperature, from which characteristic energies of 6.2 and 4.6 kJ/mol are extracted for 
the d = 3 nm and d = 12 nm alloys, respectively.  The maximum hardness changes, pre-
exponential constants, and apparent characteristic energies are included in Table 3.2.  The low 
characteristic energy values demonstrate that the maximum achievable hardness is a much 
weaker function of temperature than the rate of hardening. 
Table 3.2 Fitting parameters for magnitude of hardening plateau in nanocrystalline Ni-W. 
 
Grain 
Size 
(nm) 
Max Hardness 
Change at 
150°C (GPa) 
Max Hardness 
Change at 
225°C (GPa) 
Max Hardness 
Change at 
300°C (GPa) 
Pre-
exponential 
Constant 
(GPa) 
Characteristic 
Energy (kJ 
mol
-1
) 
3 0.94 1.05 1.52 5.3 6.2 
12 0.64 0.73 0.91 2.3 4.6 
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Figure 3.4 An Arrhenius plot showing the natural logarithm of the maximum change in hardness (Eq. 3.4) as 
a function of the inverse temperature.  From this data, characteristic energies for the plateau in relaxation 
hardening of the d = 3 nm and d = 12 nm specimens is calculated as 6.2 kJ/mol and 4.6 kJ/mol, respectively. 
 
The temperature dependence of the maximum hardening suggests that, at lower temperatures, 
certain grain boundary defects are either thermodynamically stable or locked in place by 
extremely slow recovery kinetics.  A thermodynamic explanation would mean that the 
equilibrium grain boundary structure changes with temperature.  Since excess grain boundary 
energy [173] and grain boundary thickness [174] are indeed functions of temperature, it is 
conceivable that different temperature-dependent equilibrium grain boundary structures could 
exist.  In addition, grain rotation becomes easier at elevated temperatures [175], which could lead 
to more perfect grain boundary configurations after annealing at higher temperatures.  
Alternatively, a kinetic explanation would suggest that grain boundary defects have a distribution 
of activation energies.  Defects with high activation energies would remain stuck in the grain 
boundary during lower temperature annealing treatments, but be released at high temperatures.  
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At this point, it is important to note that our kinetic observations of grain boundary relaxation are 
in fact inferred from a second order property, not direct measurements of the grain boundary 
state itself.  Annealing treatments cause the local grain boundary structure to relax, which in turn 
leads to the measured hardening effect.  While the hardness and grain boundary structure of 
extremely fine nanocrystalline metals are intimately related, our conclusions about the kinetics 
and energetics of grain boundary structure relaxation may in fact be the convolution of multiple 
processes and complex relations between structure and properties. 
  
3.4 Grain Size Dependence of Relaxation 
 
With an improved understanding of the time-dependent behavior of grain boundary relaxation, 
we move on to investigate the grain size dependence of relaxation strengthening.  Specimens 
with average grain sizes of 3-100 nm were produced, providing a wide range of grain sizes 
which spans the breakdown in Hall-Petch scaling.  Heat treatments of 150°C and 300°C for 24 h 
were applied, with the long annealing time chosen to ensure that the relaxation hardening had 
saturated.  As in the previous section, XRD was used to confirm that no grain growth occurred as 
the result of these thermal treatments.  Nanoindentation was then performed to measure the 
mechanical properties of the as-deposited and annealed alloys. 
 
We begin by looking at the effect of grain size on the magnitude of relaxation strengthening.  
Fig. 3.5a shows hardness as a function of grain size for the as-deposited and annealed Ni-W 
specimens.  Nanoindentation was performed at a constant indentation strain rate of 1.5 × 10
-1
 s
-1
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for the results presented in this figure.  The hardness data from the as-deposited specimens shows 
the expected breakdown in Hall-Petch scaling for grain sizes below ~20 nm.  After annealing, 
the hardness-grain size trends shift toward higher hardness values, with higher temperature 
annealing treatments resulting in more strengthening.  Of particular interest is the fact that the 
magnitude of the strengthening effect exhibits a clear dependence on grain size.  At the larger 
grain sizes, no appreciable strengthening is found.  The observed strengthening effect increases 
in magnitude with decreasing grain size down to d = 6 nm.  However, when grain size is further 
reduced to ~3 nm, the hardening effect becomes less pronounced.  These trends can be more 
clearly seen by plotting the difference in hardness between the as-deposited and 300°C heat 
treated states (ΔH) as a function of grain size, as shown in Fig. 3.5b.  Relaxation of grain 
boundary structure appears to be most influential on hardness at a grain size of ~6 nm. 
 
Figure 3.5 (a) Nanoindentation hardness of nanocrystalline Ni-W plotted as a function of grain size for as-
deposited specimens, specimens annealed for 24 hr at 150°C, and specimens annealed for 24 hr at 300°C.  (b) 
The difference between the hardness of the as-deposited state and the hardness after annealing for 24 hr at 
300°C (ΔH), showing that relaxation hardening is most pronounced at a grain size of ~6 nm. 
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To further understand how grain boundary relaxation affects deformation, hardness was 
measured at seven indentation strain rates between 1.5 × 10
-2
 s
-1
 and 15 s
-1
 in order to calculate 
an apparent activation volume, V, for deformation [154, 155]: 
   
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where kB is the Boltzmann constant.  This activation volume represents the characteristic volume 
over which work is done during a thermally activated event and is a signature of the dominant 
deformation mechanism.  Activation volume values, calculated following Eq. 3.5 and normalized 
by the cubed Burgers vector (b
3
), for both as-deposited and heat treated specimens are presented 
in Fig. 3.6 as a function of grain size.  For grain sizes down to ~10 nm, annealing has no 
observable effect on the measured activation volume values.  This indicates that the fundamental 
deformation mechanisms are unchanged by grain boundary relaxation over this range of grain 
sizes.  A widely accepted strength-limiting mechanism which controls deformation in 
nanocrystalline metals with these grain sizes is the emission of dislocations from grain 
boundaries which subsequently traverse the grain.  Grain boundary relaxation removes excess 
grain boundary dislocations, reducing the density of sources available for dislocation emission.  
Fewer available sources mean that a higher applied stress is necessary to initiate slip, without 
changing the fundamental mechanism by which plasticity occurs. 
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Figure 3.6 Activation volumes for both as-deposited and annealed Ni-W specimens, plotted as a function of 
grain size.  For grain sizes down to ~10 nm, annealing does not change the measured activation volumes.  
However, for the finest grain sizes, annealing results in an increase in the activation volume, suggesting a 
change in the dominant deformation mechanisms for these structures. 
 
Below grain sizes of ~10 nm, however, annealing increases the activation volume over that of 
the as-deposited state, first through a subtle increase at d = 6 nm then a more pronounced change 
at d = 3 nm.  This suggests that the critical deformation event in samples with the finest grain 
sizes involves larger numbers of atoms after annealing.  To investigate this possibility, an 
additional set of indentation testing was carried out with a cube corner indenter tip and the plastic 
zones of the residual impressions were inspected in the SEM, as shown in Fig. 3.7 for the d = 3 
nm specimen.  In the as-deposited state (Fig. 3.7a), small shear offsets are observed in the plastic 
pile-up surrounding the indentation site.  However, the annealed specimens (Fig. 3.7b and c) 
exhibit more pronounced, larger shear steps in the pile-up.  Previous work has shown that 
nanocrystalline metals with grain sizes below 10 nm deform by collective mechanisms, such as 
 76 
grain boundary sliding [71, 73] and grain rotation [61, 74, 75].  In an as-deposited, disordered 
sample, the excess grain boundary defects act as local stress concentrations and sites for the 
preferential initiation of these collective movements, resulting in a relatively small activation 
volume.  In a relaxed specimen, the grain boundaries are more homogeneous and ordered, 
meaning higher stresses are required for plastic deformation and, when plasticity commences, 
slip initiates over a much larger volume of grain boundary material rather than at specific high 
energy sites. 
 
Figure 3.7 SEM images of the residual impressions left after nanoindentation with a cube corner tip into d = 3 
nm Ni-W in the (a) as-deposited state, (b) after annealing for 24 hr at 150°C, and (c) after annealing for 24 hr 
at 300°C.  The shear steps in the pileup become larger after annealing treatments, showing that grain 
boundary relaxation promotes inhomogeneous flow in the finest nanocrystalline grain sizes. 
 
An interesting aspect of the present results is that this increased propensity for inhomogeneous 
flow after structural relaxation is strikingly similar to the deformation behavior of metallic 
glasses.  Shi and Falk [176] performed molecular dynamics simulations of nanoindentation of 
metallic glasses in order to study the effect of quench rate on shear banding.  These authors 
found that rapidly quenched structures exhibited a high degree of structural disorder and a 
tendency to deform through smaller shear bands, similar to our as-deposited nanocrystalline 
state.  On the other hand, structures which were quenched at slower rates had a more ordered 
local structure and deformed through the propagation of larger shear bands, in line with our 
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observations of relaxed d = 3 nm specimens.  This similarity between the deformation behavior 
of the finest nanocrystalline grain sizes and that of amorphous metals is in line with reports of 
other mechanical properties [45, 46, 167, 177], suggesting that nanocrystalline and amorphous 
metals exist on the same continuum of deformation mechanisms.   
 
 
 
3.5 Conclusions 
 
In this paper, we have used nanocrystalline Ni-W alloys to explore the kinetics and grain size 
dependence of grain boundary relaxation strengthening.  The results presented here provide 
insight into a new strengthening mechanism for nanocrystalline materials.  The following 
conclusions can be drawn. 
 
 Grain boundary relaxation occurs at low temperatures and can significantly increase the 
hardness of nanocrystalline metals.  The maximum amount of strengthening which can be 
realized depends on the annealing temperature, with higher temperature treatments 
resulting in an enhanced hardening effect.   
 The rate of hardening from grain boundary relaxation is a strong function of temperature, 
with higher temperatures leading to faster hardening.  Quantification of this temperature 
dependence through an Arrhenius law suggests that triple junction diffusion dominates 
the kinetics of grain boundary relaxation. 
 The magnitude of grain boundary relaxation strengthening demonstrates a significant 
grain size dependence.  No hardening is observed for large nanocrystalline grain sizes, 
but the magnitude of hardening increases with decreasing grain size until a maximum is 
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observed at d = 6 nm.  At the finest grain size below this critical value, grain boundary 
relaxation strengthening is less pronounced. 
 For grain sizes down to ~10 nm, grain boundary relaxation does not appear to change the 
dominant physical mechanism for deformation.  A reduction in the number of available 
sources for dislocation emission with annealing can explain the observed strengthening in 
this regime. 
 For grain sizes below 10 nm, however, grain boundary relaxation changes the dominant 
deformation mechanism, which is manifest as an increase in the measured activation 
volume.  Plastic deformation becomes more inhomogeneous in specimens with the finest 
grain sizes as grain boundary structure is relaxed. 
 
Taken as a whole, the results presented here show that short, low temperature annealing 
treatments can effectively strengthening nanocrystalline metals.  Since the thermal treatments 
discussed here offer a quick, low-energy method by which to significantly improve mechanical 
properties, we envision that they may become extremely useful in practice as nanocrystalline 
alloys are integrated into real-world engineering systems.  Based on our work here, the 
conditions for maximizing the effectiveness of relaxation strengthening can be found, as well as 
the as-deposited structures where such gains will be most pronounced. 
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Chapter 4 :  Sliding wear of nanocrystalline Ni–W: Structural 
evolution and the apparent breakdown of Archard scaling
2
 
 
4.1 Introduction 
 
While a great deal of research on nanocrystalline materials has focused on basic mechanical 
properties such as yield strength and hardness, limited resources have been directed towards the 
evaluation of more complex mechanical behaviors, including abrasion and wear.  For traditional 
engineering metals, wear resistance can often be related simply to hardness through the Archard 
equation, which states that the volume of material worn, V, is inversely proportional to hardness 
for a given set of test conditions [179]: 
     H
P
lKV 
     (4.1) 
where K is called the wear coefficient, l is the sliding distance, P is the applied load, and H is 
hardness.   
 
Nanocrystalline materials generally have a high hardness and are often produced as films; this 
naturally lends them to coating applications, making their wear properties of great practical 
importance.  Early studies of wear in nanocrystalline metals seem to point to an adherence to the 
Archard equation [8, 180-182], although very limited data is available for the finest grain sizes 
(average grain size below ~20 nm), where the shift to boundary-dominated deformation occurs 
and the most pronounced deviations from the Hall-Petch scaling law are observed.  To gain a 
more complete understanding of how the shift to grain boundary-dominated deformation physics 
                                                 
2
 The contents of this chapter have been previously published as [178] Rupert TJ, Schuh CA. Acta Mater. 
2010;58:4137. 
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affects the wear response of nanocrystalline metals, a systematic study across the full range of 
grain sizes over which the Hall-Petch breakdown occurs is needed. 
 
Here we report on the wear response of electrodeposited Ni-W with average grain sizes in the 
range of 3 to 47 nm using a pin-on-disk testing methodology.  Across this range of grain sizes, 
we explore the influence of microstructure and mechanical properties on wear properties.  Wear 
of electrodeposited Ni-W represents a situation of practical importance where solid solution 
addition and nonequilibrium GB structural state, the two topics which have been studied in 
previous chapters, are both present, and structural evolution is also likely to occur as this type of 
testing involves aggressive surface deformation.   
   
4.2 Materials and Methods 
 
Experimental specimens were prepared using the pulsed electrodeposition technique of Detor 
and Schuh [14], with the same bath chemistry and deposition conditions.  Circular steel 
substrates were prepared for deposition by mechanical polishing, followed by pickling with 
hydrochloric acid and electrocleaning following ASTM Standard B183-79 [183].  This substrate 
acted as the cathode during the deposition process, with a platinum mesh anode.  The deposited 
coatings were approximately 50 µm thick, and a range of samples with different grain sizes were 
produced by tuning the applied current waveform and plating temperature following [14].  After 
deposition, each sample was mechanically polished to a root-mean-square roughness of less than 
20nm. 
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Each specimen was characterized by energy dispersive spectroscopy (EDS) in a Leo 438VP 
scanning electron microscope (SEM) operated at 20 kV to measure the composition.  X-ray 
diffraction (XRD) profiles were then obtained using a PANalytical X’Pert Pro diffractometer 
with a Cu Kα radiation source operated at 45 kV and 40 mA.  The XRD profiles were used to 
ensure that all specimens were indeed polycrystalline FCC solid solutions and to estimate the 
average grain size to within ±15% by applying the Scherrer equation [138] to the (111) peak 
after subtracting instrumental broadening.  These grain sizes were also verified by transmission 
electron microscopy (TEM) in bright field imaging mode.  Each grain was manually identified 
and traced, and then the equivalent circular diameter was calculated.  TEM specimens were 
prepared using the focused ion beam (FIB) in situ lift-out technique [184] and examined in a 
JEOL 2010 operated at 200 kV.  The measured compositions and grain sizes for the eight 
different specimens studied here are included in Table 4.1.  We note that in the present alloy 
system, W is a grain refining element owing to its subtle tendency for grain boundary 
segregation [149, 150]; accordingly, across the samples in Table 4.1, grain size decreases as W 
content increases.  
  
Traditional Vickers microhardness was measured using a LECO model LM247 indenter with an 
applied load of 10 g and a 15 s hold time.  Wear tests were carried out with a CSM Instruments 
pin-on-disk tribometer.  Specimens were held in a self-centering chuck and rotated for 10,000 
cycles with a constant normal load of 5 N applied 8 mm from the axis of rotation; the total 
sliding distance for a typical test was therefore about 500 m.  A tungsten carbide sphere with 
hardness of 22 GPa and a 6 mm diameter was used as the counter-body.  Three different discrete 
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sliding speeds were used in this work: 0.15, 0.05, and 0.015 m/s, and the friction coefficient (µ) 
was measured during each test.   
 
Table 4.1 Microstructural and mechanical properties of Ni-W electrodeposits. 
 
W Content 
(at. %) 
Average 
XRD Grain 
Size (nm) 
Average 
TEM Grain 
Size (nm) 
Hardness 
(GPa) 
Wear 
Volume 
(µm
3
) 
Friction 
coefficient 
3.0 47  - 4.0 9.49 × 10
6 
0.63 
6.0 30  - 5.6 7.40 × 10
6
 0.67 
8.2 26  25 5.9 5.88 × 10
6
 0.61 
12.5 15  - 6.6 5.12 × 10
6
 0.65 
15.7 9  - 6.8 5.06 × 10
6
 0.66 
18.2 6  6 6.9 4.03 × 10
6
 0.65 
22.9 5 - 7.1 3.79 × 10
6
 0.60 
27.9 3 3 7.1 2.44 × 10
6
 0.66 
   
 
The morphology of the wear tracks was investigated by a combination of SEM and surface 
profilometry using a KLA-Tencor P-16 stylus profiler.  SEM imaging allowed for an 
investigation of wear mechanisms, while profilometry was used to provide a quantitative 
measurement of wear volume.  Due to the irregular surface of the wear track, with a 
discontinuous transfer layer and numerous peaks and valleys, individual two-dimensional line 
scans were found to be generally imprecise in characterizing the wear track.  In order to improve 
the statistics of the measurements, three-dimensional scans such as shown in Fig. 4.1a were 
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carried out at several points on the wear track.  These data were then averaged along the wear 
direction to calculate the representative cross-sectional area of the targeted section of the wear 
track.  An example showing the assessment of the representative wear track cross section is 
shown in Fig. 4.1b.  On such cross-sections, the area both below and above the initial surface 
was integrated and multiplied by the track length to determine the total wear volume.   
 
Figure 4.1 Surface profiles of a wear scar in a Ni-W specimen.  Three-dimensional scans (a) were used to find 
a representative wear track cross-section (b).   
 
After the completion of wear experiments, characterization of the worn material was also carried 
out using the various methods already described above.  Extensive use was made of the FIB lift-
out technique to permit TEM observations in the wear track region, including cross-sectional 
views perpendicular and parallel to the sliding direction. 
 
4.3 Wear of nanocrystalline Ni-W 
 
Since wear has traditionally been linked to hardness as, e.g., by Eq. 4.1, we begin by 
investigating the relationship between hardness and microstructure in our deposits.  Fig. 4.2 
presents hardness as a function of grain size.  The hardness measurements are also included in 
Table 4.1, and although it is not shown explicitly here, we find that the present measurements 
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align closely with those reported by Detor and Schuh [14], who used the same processing 
method to render a similar set of specimens.  Our three largest grain sizes (26, 30, and 47 nm) all 
lie in the range where Hall-Petch scaling is expected:   
n
o dkHH
      (4.2) 
where H is the measured hardness, Ho is the hardness of a single crystal, k is a material constant, 
and d is average grain size.  The Hall-Petch exponent, n, is usually taken as ½, and indeed, our 
three largest grain sizes are fitted well by a power law with this exponent, as shown in Fig. 4.2.  
At grain sizes of 15 nm and below, we observe the expected breakdown in Hall-Petch scaling.  In 
the Ni-W system, the Hall-Petch breakdown is normally characterized by a plateau in hardness at 
the finest grain sizes for conventional (low-rate) testing [14], whereas a peak and “inverse” Hall-
Petch regime are seen primarily at higher deformation rates [45, 167].  The activation volumes 
and energies have also been measured in prior studies on Ni-W across this range of grain sizes, 
and verify the expected shift from traditional dislocation mechanisms to grain boundary-
dominated deformation mechanisms at the finer grain sizes [45, 185].  The results in Fig. 4.2 are 
found to be in line with these prior studies of mechanical properties of nanocrystalline Ni-W, and 
the range of grain sizes covered by the present work spans the mechanistic transition regime. 
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Figure 4.2 Hardness of nanocrystalline Ni-W plotted as a function of grain size on double logarithmic scales.  
The larger grain sizes obey Hall-Petch scaling (exponent of ½ as shown). 
 
To systematically study the wear response across this range of grain sizes, pin-on-disk 
experiments were run at a sliding speed of 0.15 m/s.  In all of our wear tests, the friction 
coefficient exhibited a transient increase from near zero to a steady-state value after 
approximately 500 cycles, and then stayed at this value for the remainder of the experiment.  The 
steady-state friction coefficients for all of the specimens fell in the range of 0.60 to 0.67 (Table 
4.1).  The similarity of the friction coefficients suggests that all of the specimens wear through 
the same mechanisms.  SEM investigation of the wear tracks confirmed this, with all samples 
showing evidence of abrasive wear.  Fig. 4.3a and b are typical of results seen on all of the 
samples, and show top-down SEM views of wear tracks in a sample with a grain size of 26 nm, 
with the sliding direction (SD) denoted by the arrow.  In these images, surface plowing from 
asperities and a flaking and cracked transfer layer can be seen; some patches of the transfer layer 
are identified by dotted white arrows.  EDS and XRD of the wear track showed that the transfer 
layer is mainly FCC Ni(W) with small amounts of tungsten and nickel oxides.  In Fig. 4.3c, a 
cross-sectional TEM view revealing the structure of the transfer layer is shown for a specimen 
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with a grain size of 3 nm.  In this image, the sliding direction is into the page and the dotted 
white line denotes the true surface of the specimen; the material above the surface is the transfer 
layer, which is about 500 to 550 nm thick in this region.  Obvious pores and cracks can be seen 
in the transfer layer, as well as a grain size similar to the as-deposited value.  The transfer layer 
also appears to be comprised of a number of discrete layers, suggesting a process of gradual 
galling that built it up over a number of consecutive counterbody traversals. 
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Figure 4.3 (a), (b) Top-down SEM micrographs of the wear track in a Ni-W sample with 26 nm grain size.  
Surface plowing from asperities and a flaking, cracked transfer layer (denoted by dotted white arrows) 
provide evidence of abrasive wear.  (c) Cross-sectional bright-field TEM image of the transfer layer showing 
obvious pores, cracks, and a grain size unchanged from the as-deposited value of 3 nm.  The sliding direction 
(SD) is in the plane of the page in (a) and (b) and into the page in (c).  The dashed white line denotes the true 
surface in (c). 
 
Fig. 4.4 presents the quantitative measurements of wear in the Ni-W specimens, with wear 
volume plotted against grain size in Fig. 4.4a.  Table 4.1 also includes the wear volume 
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measurements.  For the entire range of grain sizes studied, wear volume decreased with 
decreasing grain size, following a consistent trend that is surprisingly well described by a power-
law with a grain size exponent close to ½.  This trend is expected for the grain sizes larger than 
~25 nm, where Hall-Petch hardness scaling is observed, grain refinement leads to significant 
hardening (Ho is negligible), and thus the combination of Eqs. 4.1 and 4.2 predicts that V  d
1/2
.  
However, it is surprising to see this trend continue into the range of the finest grain sizes below 
15 nm, where the hardness plateaus (cf. Fig. 4.2) and the ½-power law is no longer expected.   
 
Figure 4.4 Quantitative measurements of wear: (a) wear volume plotted against grain size and (b) wear 
volume plotted against reciprocal hardness.  In both (a) and (b), the dotted blue line denotes the expected 
wear volume based on the Archard equation, given in Eq. 4.1.   The smallest grain sizes (below about 10 nm) 
wear less than expected. 
 
The dotted blue line in Fig. 4.4a shows the expected wear volume based on the Archard 
equation, i.e., by using Eq. 4.1 with the experimentally-measured values of hardness from Fig. 
4.2.  If wear volume were in fact inversely proportional to hardness for all of our specimens, a 
plateau would have been observed in Fig. 4.4a.  The deviation of the data from the dotted line 
thus suggests that the Archard equation is no longer obeyed at grain sizes below about 10 nm.  
This is more directly revealed in Fig. 4.4b, which plots the expected scaling between hardness 
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and wear volume directly; a linear trend is expected in Fig. 4.4b according to the Archard 
equation, and, for the larger grain sizes, the proportionality is well-obeyed with a wear 
coefficient of K = 1.53 x 10
-5
.  Again, however, the experimental data suggest that the smallest 
grain sizes wear less than expected. 
 
In the discussion above, a constant wear coefficient is assumed when applying the Archard 
equation to our wear results.  While such an assumption is common when testing conditions and 
wear mechanisms remain constant, some literature reports show that K values can vary from 
their average by a factor of two under nominally identical sliding conditions [186].  It has been 
proposed that such discrepancies arise from a difficulty in reproducing the exact same surface 
conditions between tests, which appears experimentally as variations in the measured friction 
coefficient.  As suggested by Rabinowicz [186], a typical standard deviation of 20% in the 
measured friction coefficient can lead to the observed factor of two variation in wear coefficient.  
However, the friction coefficients measured in this study have a standard deviation of only 4%, 
most likely due to the careful surface preparation of the wear specimens prior to testing.  
Following Rabinowicz’s analysis, the wear coefficient would only be expected to vary by a 
maximum of ~17% as a result of variations in surface conditions.  Since the measured deviations 
from the Archard equation below d = 10 nm are much more pronounced than this, it appears that 
the observed breakdown in Archard scaling is not the result of experimental uncertainty. 
 
To investigate the possibility of wear-induced hardening, microhardness measurements were 
carried out directly atop the wear tracks.  Indentations were placed in flat sections of the wear 
track, and a low load of 10 g was used in order to only probe material near the surface.  Special 
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care was taken to avoid placing indentations in the transfer layer, and thus the measurements are 
reflective of the base material.  The typical indentation width in these experiments was ~5 μm, 
much smaller than the width of the wear tracks (150–450 μm), while the depth of the 
indentations was ~700 nm.  The hardness measurements from the wear track are presented in 
Fig. 4.5, along with the measurements from the as-deposited (unworn) material (which are the 
same as those presented in Fig. 4.2).  The difference between the wear track hardness and as-
deposited hardness (ΔH) is plotted against grain size in the inset to Fig. 4.5, showing that the 
hardening of the wear track becomes more pronounced at the finest grain sizes.  Significant 
hardening (beyond the uncertainty) occurs only for grain sizes below about 10 nm. 
 
Figure 4.5 Hardness measurements from the as-deposited specimens and the wear tracks plotted as a function 
of grain size.  The inset plots the difference between the wear track hardness and the as-deposited hardness 
(ΔH), showing that the hardening of the wear track becomes more pronounced at the finest grain sizes. 
 
Taken together, the results in Figs. 4.4 and 4.5 suggest that the apparent breakdown of the 
Archard equation is correlated with wear-induced hardening in the wear track.  Both of these 
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phenomena occur at grain sizes below about 10 nm, and become more pronounced at finer grain 
sizes.   
 
4.4 Near-surface microstructure 
 
Microstructural changes are often observed near wear surfaces in traditional microcrystalline 
materials, most commonly in the form of a dislocation substructure [187-189], a mechanically 
mixed layer [187, 190, 191], or a nanocrystalline tribolayer [188, 190-192].  Such 
microstructural refinement can result in a hardened surface and is often explained as being 
caused by frictional heating or highly localized deformation near the surface.  However, these 
concepts do not translate in any straightforward manner to the present nanocrystalline Ni-W 
specimens.  With as-deposited grain sizes as fine as 10 nm or even less, it seems unlikely that 
wear can cause any further grain refinement, and even if it did, it is unclear how this could 
account for the hardening observed in Fig. 4.5, as the Hall-Petch breakdown in Fig. 4.2 suggests 
that finer grains are not expected to lead to higher hardness in the range of interest.  Accordingly, 
classical microstructural refinement arguments cannot be applied to the present observations, and 
direct observations of the worn material microstructure are required. 
 
To investigate the possibility of near-surface microstructural changes in Ni-W during the sliding 
wear process, TEM lamellae were cut from the wear track using FIB.  Fig. 4.6a shows a top-
down view of such a lamella, cut into an unworn surface of a 6 nm grain size specimen; the 
horizontal ligament in this figure was subsequently removed and imaged in cross-section in the 
TEM.  Fig. 4.6b shows a similar view of a specimen cut from the center of the wear track.  The 
direct comparison of lamellae from as-deposited (unworn) material and the wear track ensures 
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that any observed microstructural changes described subsequently are not artifacts of the FIB 
preparation. 
 
Figure 4.6 Top-down SEM views of lamellae cut from (a) an as-deposited specimen and (b) the center of a 
wear track.  Bright-field TEM micrographs of the (c) as-deposited and (d) wear track lamellae from the alloy 
with an initial grain size (do) of 25 nm; the dashed white line denotes the surface of the specimen in these 
cross-sections.  Similar cross-sectional bright-field TEM micrographs of the (e) as-deposited and (f) wear 
track lamellae from the alloy with do = 3 nm.   
 
First, we examined the alloy with an initial grain size (do) of 25 nm, which lies in the range 
where both Hall-Petch and Archard scaling are followed (cf. Figs. 4.2 and 4.4).  Bright-field 
cross-sectional TEM micrographs of the as-deposited and wear track samples are presented in 
Figs. 4.6c and 4.6d, respectively.  In each image the surface is marked by a dashed white line and 
the direction of sliding is into the page.  Comparison of Figs. 4.6c and 4.6d shows that the wear 
process led to very little obvious microstructural evolution in this sample. Although a piece of 
the discontinuous transfer layer can be seen above the surface of the wear specimen in Fig. 4.6d, 
the size and shape of the grains beneath the surface is similar to the structure of the as-deposited 
material in Fig. 4.6c. 
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Next, the alloy with an initial grain size of 3 nm, where the most significant deviations from 
Hall-Petch and Archard scaling were observed (cf. Figs. 4.2 and 4.4), was investigated.  TEM 
images of as-deposited and worn material with do = 3 nm are presented in Figs. 4.6e and 4.6f, 
respectively, with the surface again marked by a dashed white line and the sliding direction into 
the page.  Comparison of these two images clearly shows a layer with a different microstructure 
near the surface of the wear track in Fig. 4.6f.  Direct measurements from TEM images show that 
the average grain size in this layer has increased to about 20 nm, from an as-deposited size of 3 
nm.  Evidence of grain coarsening can also be seen in the selected-area diffraction patterns 
presented in the bottom left of Figs. 4.6e and 4.6f, with the same selected-area aperture used for 
each pattern.  The pattern of continuous diffraction rings observed in the as-deposited specimen 
transitions to one with more discrete spots in the wear specimen.  The grain growth layer in the 
worn specimen is very distinct, sharply separated from the base material beneath, which seems to 
exhibit the as-deposited structure with an average grain size in the range of just a few 
nanometers.  The thickness of the grain growth layer was found to be in the range of 100 to 300 
nm, depending on the location of the measurement; in Fig. 4.6f, the thickness is about 160 nm.  
TEM lamellae were also taken from the alloy with an initial average grain size of 6 nm to 
compare the bulk and wear track microstructures.   A very similar grain growth layer was 
observed at the wear surface for this specimen, although TEM images are not included here.  In 
this case, the microstructure coarsened to an average grain size of about 25 nm.   
 
To investigate the possibility of anisotropic structural evolution in the grain growth layer, TEM 
lamellae were also obtained to reveal cross-sections along the sliding direction.  Figs. 4.7a and b 
show the microstructure at the wear surface from a specimen with do = 3 nm when the sliding 
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direction is into the page and in the plane of the page, respectively.  No major differences can be 
seen between the two orientations, although there may be some evidence of shearing in the 
microstructure in Fig. 4.7b that is not present in that of Fig. 4.7a.   
 
 
Figure 4.7 Cross-sectional bright-field TEM micrographs from the wear surface of a specimen with do = 3 nm 
when (a) the sliding direction is into the page and (b) the sliding direction is in the plane of the page.   
 
It is interesting to note that the grain growth layer we observe in these samples is only ~300 nm 
thick, whereas the hardness measurements used to establish the presence of wear-induced 
hardening in Fig. 4.5 involved indentations that were somewhat deeper (700 nm).  Accordingly, 
the data in Fig. 4.5 underestimate the true hardening in the wear track, as they sampled both the 
grain growth layer and nominally virgin material beneath it.  An interesting corollary of this is 
that the deviation from Archard’s law shown in Fig. 4.4b persists even if the data are plotted 
against the post-wear hardness values instead of the as-deposited hardnesses.  If clean hardness 
measurements could be obtained from the very thin ~300 nm grain growth layer, we expect that 
the wear volume may correlate linearly with them.  However, even nanoindentation 
measurements are unreliable at the very fine (~30 nm) depths that would be required to probe the 
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grain growth region without any convolution from the virgin material beneath it, so this 
speculation must remain unproven at present.  
 
4.5 Discussion  
 
4.5.1 Relationship between structural evolution and hardening 
 
The above results reveal a consistent picture: at larger grain sizes (above about do = 10 nm), wear 
does not lead to substantial changes in the structure of the film, essentially no local hardening is 
measured in the wear track, and the wear properties follow expectations based on the Archard 
equation.  For grain sizes below about 10 nm (as, for example, in the two investigated samples 
with do = 3 and 6 nm), wear induces grain growth, leads to significant surface hardening and, 
hence, exhibits the most obvious deviation from Archard scaling.   
 
It is interesting and somewhat counterintuitive that the wear-induced hardening we see here is 
associated with grain growth at the surface during the wear process; grain growth is normally 
associated with softening.  This nominally unexpected result is due to the complex nature of 
structural evolution in a nanocrystalline system that contains a significant alloying addition.  As 
shown in the work of Detor and Schuh [82], under annealing conditions, nanocrystalline Ni-W 
alloys can undergo several concurrent processes of structural change, including grain growth, 
grain boundary relaxation, precipitation of intermetallic Ni4W, and short-range chemical 
ordering of W in the FCC solid solution.  All of these changes can in principle affect the 
mechanical properties, and thus the intuitive relationship between grain growth and softening is 
oversimplified for such alloy systems.  In the present case, we can rule out several of the above 
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structural changes in the worn material.  For example, our TEM and XRD investigations 
revealed no trace of second-phase precipitation of Ni4W, while analysis of TEM diffraction 
patterns shows no signature of the chemical short-range ordering which has been observed in 
annealed Ni-W specimens.  In light of these observations, we expect that the primary structural 
evolution processes that occur during wear of Ni-W are grain growth and grain boundary 
relaxation.  Whereas the first of these may cause softening or result in no change in strength 
(depending on the extent of grain growth), grain boundary relaxation is well established as 
contributing to hardening in both Ni-W alloys [82] and other nanocrystalline metals [107, 108], 
owing to loss of excess boundary dislocations and reduction of stress concentrations at 
boundaries.   
 
To develop expectations for the combined effect of grain boundary relaxation and grain growth 
on hardness in Ni-W, we examine the data of Detor [193], who annealed nanocrystalline Ni-W 
samples of the same kind as used in this study.  From the many different annealing treatments 
used by Detor, we compile here all of those which involved grain boundary relaxation and grain 
growth, excluding all of the data that involved intermetallic precipitation.  These samples were 
generally exposed to low temperatures (below 600º C) for relatively short times (generally less 
than 24 h and always less than 72 h); full details of the treatments may be found in Ref. [193].   
 
The hardness of such annealed specimens is plotted in Fig. 4.8, along with our measurements on 
as-deposited specimens.  For the sample with an initial grain size of do = 3 nm, upon annealing 
the structure initially hardens due to grain boundary relaxation without any change in grain size.  
Subsequent further annealing leads to grain growth, although the hardness versus grain size 
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relation now follows a curve that is shifted above that for the as-deposited samples.  This trend of 
grain boundary relaxation followed by grain growth is also followed in the annealed sample with 
an initial grain size of do = 18 nm.  In both cases, we observe that an evolved, coarser 
microstructure can in fact be harder than an as-deposited, finer microstructure.  This provides an 
important point of validation for our wear results, where wear-induced coarsening and hardening 
were found to occur together. 
 
 
Figure 4.8 Hardness as a function of grain size for as-deposited specimens from this study and annealed 
specimens with do = 3 nm and 18 nm from [193].   
 
Another interesting point shown in Fig. 4.8 is that, for two alloys coarsened to a given final grain 
size, the material with the smaller initial grain size will be harder.  This is likely because the 
initial materials in this case have different alloying additions; the finer grained specimens have 
more tungsten, and thus even when coarsened to the same grain size, have higher strength due to 
solution strengthening effects.  Such trends are consistent with our observation that the do = 3 nm 
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structure hardens more during wear than the do = 6 nm structure for coarsening to a similar final 
grain size, and thus explains why deviations from the Archard law become more severe as grain 
size is reduced.   
 
A final interesting point that can be taken from the annealing studies of Detor is that the level of 
coarsening we observe in the worn specimens corresponds to a relatively severe thermal 
treatment: exposure to 600°C for more than 3 hours would be necessary for grain growth to 
occur to the extent experienced by our wear specimens (coarsening from 3 to 20 nm) [193].  This 
observation will motivate the discussion of coarsening mechanisms in the following sections. 
 
4.5.2 Driving forces for microstructural evolution 
 
As mentioned previously, the most common driving forces for microstructural change during 
wear are frictional heating and highly localized deformation; in this section we consider these 
two possibilities in turn, and identify the cause of the structural evolution in our worn samples. 
  
4.5.2.1 Frictional heating 
 
We first explore surface heating due to friction.  The above discussion shows that thermal 
exposure can certainly lead to the kinds of structural changes and hardening we observe, but it is 
not clear whether our wear conditions cause sufficient frictional heating to account for such 
changes.  To explore this possibility, we consider the model of Kannel and Barber [194], which 
is based on one-dimensional transient heat flow analysis, with frictional heating at the contact 
point and heat removal occurring by conduction into the substrate and convection at the surface; 
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heat loss to the tungsten carbide counter-body is accounted for by using the Blok postulate [195].  
Their model is specifically applicable to a pin-on-disk geometry, and time-averages the heat 
transfer over individual cycles.  The maximum temperature occurs at the surface since this is 
where the heating occurs during sliding contact, and the local surface temperature is written as:  
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where hs is the heat transfer coefficient for convection (~20 W/m
2
-K in air), t is time, and K, ρ, 
and c are the thermal conductivity, density, and specific heat, respectively, of the substrate 
material.  QA is the frictional heating power per unit area, and is given by: 
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        (4.4) 
where µ is the friction coefficient, P is the normal load, v is the sliding velocity, and AS is the 
surface area of the wear track.  For our nanocrystalline Ni-W alloys, the thermal conductivity (94 
W/m-K [196]) and specific heat (0.444 J/g-K [196]) of Ni was used while the density was 
calculated using a rule of mixtures and the densities of Ni (8.9 g/cm
3
 [196]) and W (19.3 g/cm
3
 
[196]).  The WC counter-body was assigned a thermal conductivity of 84 W/m-K [196].   
 
The form of Eq. 4.3 is such that temperature increases steadily with time, at least in part because 
conduction is only considered in the direction normal to the surface, ignoring radial heat loss to 
the substrate.  The model thus neglects the evolution to a steady state condition that is expected 
in experiments, and it provides upper-bound estimates of the achievable temperatures at the 
surface.  For our purposes, and in the spirit of assessing the true upper-bound temperature that 
might be achieved during our experiments, we evaluate the temperature at the end of our tests; 
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for a sliding speed of 0.15 m/s, t = 3333 s is used.  The output of the model is also relatively 
insensitive to grain size or alloy composition, with only small variations resulting from the 
different coefficients of friction (Table 4.1) and densities.  Again in the spirit of assessing an 
upper-bound, we report here the results using the properties of the alloy with do = 3 nm, which 
give the highest temperatures by a slight margin.   
 
For these conditions, we calculate the upper-bound expectation value for local frictional heating 
in our experiments using Eq. 4.3 as ~500ºC.  Even if this value is assumed to hold over the entire 
duration of a 1 hour experiment, the total thermal exposure is low for these alloys; recall our 
comparison with the thermal annealing study of Detor in the previous section, which suggested a 
thermal exposure of 600ºC for more than 3 hours would be required to explain the degree of 
coarsening seen in these wear experiments.  Recognizing that the predicted surface temperature 
rises gradually, the specimen spends most of the test at temperatures well below 450°C, where 
grain growth is not observed in these alloys [82].  We conclude that the temperature was 
certainly not high enough for a sufficient period of time to explain the grain growth in our 
specimens.   
 
We further verify that frictional heating is not responsible for the observed structural evolution in 
our samples through a set of additional experiments.  Specifically, wear tests were run at slower 
sliding speeds, which results in less frictional heating and leads to lower surface temperatures via 
Eqs. 4.3 and 4.4.  Sliding speeds of 0.05 m/s and 0.015 m/s (respectively one third and one tenth 
the original sliding speed) were used.  For these conditions, Eq. 4.3 provides upper-bound 
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surface temperatures of 290 and 160°C, respectively.  These are well below the temperatures 
required to induce grain growth in nanocrystalline Ni-W [82].   
 
Wear volume is plotted against grain size for the three different sliding speeds in Fig. 4.9a.  
Lowering the sliding speed causes the entire wear volume curve to shift down such that, for a 
given grain size, less wear damage is observed as sliding speed decreases.  Such behavior is 
normal in many sliding wear situations, as lower speeds result in lower interface temperatures 
[195].  It is essential to note that no plateau was observed in the wear volume curve for any given 
sliding speed; the least wear damage occurred at the smallest grain size for each speed.  Thus, the 
deviation from Archard-law behavior (which would lead to a plateau in Fig. 4.9a) persists at the 
lower sliding speeds.   
 
To confirm that near-surface microstructure evolution still occurred at slower sliding speeds, 
where frictional heating effects can be effectively ruled out, TEM specimens from the wear track 
were taken from the do = 25 and 3 nm alloys tested at 0.05 m/s.  For the specimen with do = 25 
nm, like the specimen tested at the original sliding speed, no significant changes were observed 
in the microstructure near the wear surface.  Bright-field TEM micrographs from the do = 3 nm 
specimen are presented in Figs. 4.9c and d, with a similar micrograph taken from the same alloy 
tested at the original sliding speed (0.15 m/s) included in Fig. 4.9b for comparison.  Fig. 4.9c 
shows a distinct grain growth layer above the bulk microstructure, as well as a fine transfer layer 
at the surface (which is located above the dashed line).  Fig. 4.9d presents a magnified view of 
the region denoted with a white box in Fig. 4.9c, where the coarsened microstructure can be 
more clearly observed.  The thicknesses of the grain growth layer are about the same in the 
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micrographs from the 0.15 m/s specimen and the 0.05 m/s specimen (~175 nm), although the 
grain size is slightly higher for the faster sliding condition.  The main point here, however, is that 
at lower sliding rates where the surface temperature is expected to be sufficiently low that it 
cannot, by itself, cause microstructure coarsening over the timescales of our tests, we still 
observe a similar degree of structural change after wear.  This result, combined with our 
calculations based on Eq. 4.3 above, strongly suggests that frictional heating, while it may 
contribute mildly to coarsening, is not the primary cause of microstructural evolution at the 
surface during wear. 
 
Figure 4.9 (a) Wear volume plotted against grain size for three different sliding speeds, showing that the 
deviation from Archard scaling persists at lower sliding speeds.  Bright-field TEM micrographs from wear 
samples with sliding speeds of (b) 0.015 m/s and (c) 0.05 m/s show a similar degree of structural change.  A 
magnified view of the region denoted with a white box in (c) is presented in (d). 
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4.5.2.2 Deformation-driven structural evolution 
 
The highly localized deformation that occurs at the surface during sliding contact is next 
considered as a possible cause of microstructural evolution.  Recent studies have found evidence 
of deformation-induced grain growth in pure nanocrystalline metals, such as Al [113, 114], Ni 
[75, 117, 128], and Cu [112, 118, 120], as well as nanocrystalline alloys, such as Ni-Fe [121, 
122] and Co-P [123].  This grain growth is thought to result from a combination of grain 
boundary migration and grain rotation caused by the extremely high stresses that develop in a 
nanocrystalline structure during deformation.  Recent results from simulations [124] and 
experiments [115] point to shear stress in particular as the driving force for such grain growth.  
In addition, Gianola et al. [113] have shown that deformation-induced grain growth commences 
during the early stages of plastic deformation and can significantly affect subsequent material 
response. 
 
To obtain a better understanding of the deformation which occurs near the surface during sliding 
contact, we consider the stress fields created by a sliding spherical contact.  Hamilton [197] 
provides a set of explicit equations for the subsurface stresses under a sliding spherical contact, 
assuming only elastic deflections.  These equations are only truly rigorous for an idealized 
geometry, and neglect many details of asperity contact, roughness, etc.  However, it does permit 
us to estimate the stress fields experienced during wear, and to identify the locations where 
significant plasticity may be expected.   
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We evaluate the equations of Hamilton using the following inputs: Young’s moduli of Ni (207 
GPa [152]) and WC (680 GPa [196]),  Poisson’s ratio of Ni (0.31 [152]) and WC (0.24 [196]), 
friction coefficient μ = 0.66 (Table 4.1) and WC counterbody diameter of 6 mm.  Due to the 
importance of shear or distortional energy for deformation-induced grain growth [115], the von 
Mises stress was chosen as the measure of interest.  Contour plots of this quantity on a plane 
through the center of contact with the counter-body are presented in Fig. 4.10.   
 
Figure 4.10 The distribution of von Mises stress is calculated based on elastic contact theory for the cases of 
(a) only normal loading and (b) normal loading plus sliding.  The addition of sliding causes the region of 
highest stresses to occur at the sliding surface, at the trailing edge of the contact.  A magnified view of this 
region of highest stresses is presented in (c).   The dotted grey line denotes the maximum measured thickness 
of the grain growth layer (300 nm) in our experiments. 
 
Fig. 4.10a shows the distribution of von Mises stress below the contact for the stationary case, 
i.e., with only a normal force applied and no sliding.  In this limit, the equations reduce to the 
well-known Hertzian model for sphere-on-plate contact, with a region of maximum stress below 
the contact surface at a depth of ~1/2 the contact radius (~40 μm in the present case).  As a 
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tangential force is added in the positive x-direction, the stresses within the material increase, the 
region of maximum stress rises toward the surface, and a new region of high stress appears at the 
trailing edge of the sliding contact.  The contours of the von Mises stress beneath the surface for 
our experiments are presented in Fig. 4.10b.  The relatively high frictional force (with µ = 0.66) 
causes the region of highest stresses to occur at the sliding surface, at the trailing edge of the 
contact; unlike a normal contact, the subsurface maximum stress region is no longer present.   
 
Fig. 4.10c presents a magnified view of the stress contours where they are highest; the maximum 
stress occurs at the contact surface and falls off quickly away from the surface.  This provides a 
first indication that a thin layer of material closest to the surface experiences plasticity in these 
experiments.  A more quantitative argument can be developed by using a modified Tabor 
relation, H = 3.8∙σy known to apply to nanocrystalline Ni [25], to estimate the yield strength of 
our specimens.  For the range of grain sizes where we observe grain growth in the wear track, the 
hardness is about 6.8 – 7.1 GPa, leading to estimated yield stresses of 1.8 – 1.9 GPa.   Close 
examination of Fig. 4.10c reveals that such stress levels are attained primarily within about 300 
nm of the surface, denoted by a dotted grey line.  That the plastic zone expected during wear is 
of this depth is consistent with the measured thickness of the grain growth regions beneath the 
wear surface in our samples (which are usually about 100-300 nm thick, cf. Figs. 4.6, 4.7, and 
4.9).  This lends support to the notion that the local plasticity caused by sliding contact results in 
grain growth.  
 
Additional support for a mechanical grain growth mechanism was found through a detailed 
microscopic examination of the grain growth layer.  While the average grain size is significantly 
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increased in the grain growth layer, small grains characteristic of the initial microstructure are 
still observed.  Fig. 4.11a shows the grain growth layer from a do = 3 nm specimen, where some 
small grains of less than 5 nm diameter are labeled with white arrows.  In mechanically-induced 
grain growth, only select grain boundaries move, resulting in discontinuous (abnormal) growth 
which changes the characteristic shape of the grain size distribution.  Grain size measurements 
from the as-deposited material, the wear track, and an annealed sample with do = 3 nm (3 h at 
600ºC) are presented as cumulative distribution plots in Fig. 4.11b.  Both wear and annealing 
cause grain growth, and a shift in the distributions in Fig. 4.11b.  However, annealing causes a 
self-similar shift in the distribution whereas the wear-induced grain growth does not; mean-
normalized grain size distributions for the same three specimens are presented in Fig. 4.11c.  The 
grain size distribution of the worn material has broadened and changed shape, characteristic of 
abnormal grain growth.  This provides further evidence that the grain growth in the wear track is 
predominantly mechanically-driven, as frictional heating would have led to normal grain growth.  
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Figure 4.11 The bright-field TEM micrograph in (a) shows the grain growth layer in a do = 3 nm wear 
specimen, with some small grains of less than 5 nm diameter labeled with white arrows.  Grain size 
measurements from the as-deposited material, the wear track, and an annealed sample with do = 3 nm (3 h at 
600° C) are presented as (b) a cumulative distribution plot and (c) a mean-normalized cumulative 
distribution plot.  The grain size distribution from the wear track has broadened in a way characteristic of 
abnormal grain growth. 
 
As a final point of discussion, we note that although thermally-driven grain growth is known to 
be accompanied (or preceded) by grain boundary relaxation [82], the state of grain boundary 
relaxation after mechanically-driven grain growth remains an open research topic.  The present 
data show that wear induces both grain growth and hardening in nanocrystalline Ni-W, and we 
view this as primary evidence that mechanical grain growth also involves grain boundary 
relaxation.  We are unaware of significant corroborating data in the literature, although it is 
interesting to note that molecular dynamics simulations of nanocrystalline Ni [110] show that 
mechanical deformation causes changes in grain boundary and triple junction structure which 
resemble those experienced during thermal grain boundary relaxation.  In both cases, atomic 
shuffling and short-range diffusion work to create an equilibrium structure where the number of 
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grain boundary atoms less than 12-coordinated is minimized.  With this in mind, it seems likely 
that the high stresses which cause coarsening near the wear surface may also cause local changes 
in the atomic boundary structure, resulting in a hardened grain growth layer. 
 
4.6 Conclusions 
 
The sliding wear of nanocrystalline Ni-W alloys with grain sizes from 3 to 47 nm was studied 
experimentally.  To our knowledge, the experiments presented here represent the first systematic 
study of wear in a single nanocrystalline system spanning the entire Hall-Petch breakdown, 
across which the mechanisms of deformation shift from being intra- to intergranular. The 
phenomena observed here provide insight on the superior wear properties of nanocrystalline 
alloys, which are finding increasing use in tribological applications.  The following conclusions 
can be drawn: 
 
 Nanocrystalline Ni-W alloys exhibit excellent wear properties, with wear resistance 
continually increasing as grain size decreases.  At the finest grain sizes, they wear 
considerably less than would be expected based upon their as-deposited properties.    
 The unexpectedly high wear resistance at grain sizes below 10 nm is traced to significant 
wear-induced hardening at the surface.  Such hardening leads to deviations from the Archard 
relation, which linearly relates hardness and wear resistance. 
 Wear-induced microstructural evolution is observed in the alloys which exhibit significant 
wear-induced hardening.  Specifically, a surface layer with a thickness of a few hundred 
nanometers exhibits significant grain growth (from, e.g., 3 to 20 nm).  Along with such grain 
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growth, grain boundary relaxation is also expected, and these changes are associated with an 
increase in hardness after wear.  A similar degree of grain growth caused by thermal 
exposure also leads to hardening of a similar magnitude in these alloys.  
 Experiments and calculations suggest that frictional heating is not the main cause for the 
wear-induced structural evolution we see in the experiments.  On the other hand, the stress 
state under the sliding contact suggests a plastic zone commensurate with the size of the 
grain growth layer seen in the wear specimens. 
 
These results also provide evidence that the grain boundary-dominated mechanisms which 
control the plastic deformation of nanocrystalline materials can have unexpected consequences 
under complex loading conditions.  Significant microstructural evolution is possible, which can 
result in a dynamic material response that may change with time in service.  That this transient 
microstructure can, in fact, improve properties is a fortuitous outcome that may be exploited as 
nanocrystalline materials become increasingly integrated into mechanical systems.  
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Chapter 5 :  Mechanically-driven grain boundary relaxation: a 
mechanism for cyclic hardening 
 
 
5.1 Introduction 
 
The results of Chapter 4 suggest that cyclic plastic deformation can drive the relaxation of 
nonequilibrium GB structure and lead to a hardening effect.  However, we are not aware of any 
other study that has explicitly established that local structural relaxation of GBs, with a 
concomitant strength increase, can occur due to cyclic loading in a nanocrystalline material.  In 
this chapter we attempt to do so, using atomistic simulations of nanocrystalline Ni.  Because 
evolution of the atomic GB state is a subtle structural change and is difficult to track with 
experimental methods, molecular dynamics (MD) simulations are a useful tool for investigating 
GB relaxation and its effect on mechanical behavior.  While Ni-W has been studied in the 
previous three chapters, we focus on pure Ni here for two reasons.  First, by studying a pure 
system, we can isolate the effect of GB state on strength without any complications from 
alloying effects.  Second, accurate cross-potentials do not currently exist for the Ni-W system. 
 
 
5.2 Simulation Details 
 
MD simulations were performed using nanocrystalline Ni as a model system.  An embedded 
atom method (EAM) potential which accurately reproduces mechanical properties as well as 
defect energies [198] was used, and all simulations were run with the LAMMPS code [199] 
using an integration time step of 1 fs.  Nanocrystalline specimens with average grain sizes of d = 
3, 4, 5, and 10 nm were created using a Voronoi tessellation construction modified to enforce a 
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minimum separation distance (~25% of the simulation cell length)  between grain nucleation 
sites, giving more equiaxed grains and a tighter grain size distribution.  The specimens with d = 
3, 4, and 5 nm contained 24 grains and were geometrically similar (relative grain centers and 
orientation angles kept constant for all three samples), while the d = 10 nm specimen contained 
12 grains.  All simulations employed periodic boundary conditions and a Nose-Hoover 
thermo/barostat.  The specimens were initially equilibrated at 300 K and zero pressure.  
Deformation was simulated with uniaxial tension tests at an engineering strain rate of 5 × 10
8
 s
-1
 
while keeping zero stress on the other axes.  Tension tests were performed in each orthogonal 
direction in order to average out any orientation dependence of mechanical properties and 
strength was measured by taking the 1% offset yield stress following Ref. [200], as shown in Fig. 
5.1a for a d = 5 nm sample. 
 
Figure 5.1 (a) Stress-strain curves for tensile tests on the three orthogonal axes of a d = 5 nm sample, with the 
1% offset yield stress shown.  (b) Yield stress as a function of grain size for the as-prepared samples, showing 
that strength decreases with decreasing grain size. 
 
A range of mechanical treatments were applied to the as-prepared computational samples.  The 
first type of treatment involved the application of fully-reversed cyclic uniaxial loading to a 
given maximum strain.  These straining cycles were applied to each axial direction in sequence, 
 112 
so that all three axes underwent identical treatments.  In some cases, the uniaxial treatments were 
applied multiple times.  A second type of treatment involved the application of fully-reversed 
hydrostatic expansions.  A limited number of thermal annealing treatments (100 or 300 ps at 600 
K, then cooled at 30 K/ps) were also carried out on specimens with d = 3 nm, for comparison to 
the mechanical cycling simulations.  GB atoms were distinguished from those in the grain 
interior by using the centrosymmetry parameter (CSP) [201], using the Lindemann-Gilvarry rule 
[202], which suggests that, for Ni, a CSP value ≥ 2.14 Å2 is a defect (and can be classified as a 
GB atom in the present case since we do not observe any stored dislocation or stacking fault 
networks within the grains). 
 
5.3 Mechanical Cycling and GB Relaxation 
 
The yield stresses of the as-prepared and treated samples are presented as a function of GB 
fraction in Fig. 5.2a and as a function of the average atomic energy in Fig. 5.2b.  In the case of 
the as-prepared specimens, yield stress scales apparently linearly with both the fraction of GB 
atoms and the average atomic energy of the system.  The strength of these as-prepared samples 
decreases as grain size is decreased, as shown in Fig. 5.1b and in line with extensive prior 
literature [55, 71].  The data for thermally treated structures are also in line with prior studies of 
thermally-induced boundary relaxation [56, 111].  We are not aware of prior work revealing the 
major trend in Fig. 5.2, namely, that cyclic mechanical loading also increases the yield strength 
of the nanocrystalline samples.  We do not observe that strengthening is always accompanied by 
a significant change in the fraction of GB (Fig. 5.2a), but the system energy is always reduced 
(Fig. 5.2b), which speaks to the equilibration of the boundary structure; this is similar for 
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mechanical and thermal treatment (Fig. 5.2b).  In fact, the observed strengthening scales 
remarkably well with the average atomic energy of the system, but not with GB fraction; this 
suggests that the average atomic energy is a more nuanced measurement of the GB structural 
state, or at least those GB structural features that affect mechanical strength. 
 
Figure 5.2 The yield stress of as-prepared and treated specimens plotted as a function of (a) grain boundary 
fraction and (b) average atomic energy.  While the strengths of the as-prepared samples scale with both 
quantities, the mechanical treated samples only show a direct scaling with the average atomic energy of the 
system.   (c) A magnified view of the mechanically treated d = 3 nm samples shows that tensile treatments to 
larger strains and multiple loading cycles are more effective for relaxation strengthening.  (d) Effective 
treatments dissipate energy through plastic deformation, as shown by the stress-strain behavior along the x-
axis.     
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Fig. 5.2c presents a magnified view of the yield stresses of the mechanically treated d = 3 nm 
specimens as a function of the average atomic energy, with the details of the mechanical 
treatments included in order to compare their efficacy in relaxing GB structure.  As might be 
expected, the most effective mechanical treatments are those to larger strains and with multiple 
loading cycles, both of which favor more microplastic activity that can restructure GBs.  
Somewhat less intuitive is the result that hydrostatic expansions do not seem to cause significant 
GB relaxation, even when large strains (up to 4%) are applied.  These trends can be understood 
by inspecting the stress-strain behavior during the mechanical treatments, as shown in Fig. 5.2d.  
For cycling either to 1% tensile strain or 3% hydrostatic strain, the loading and unloading curves 
overlap, there is no permanent deformation, and the treatments do not cause strengthening.  In 
both cases this is apparently because no plastic deformation was triggered, i.e., no permanent 
atomic rearrangements occurred.  However, cycling to 3% tensile strain induces some amount of 
plastic deformation that effectively relaxes the GBs and strengthens the system against further 
deformation.   
 
Based on these observations, it appears that energy dissipation through plastic deformation is 
necessary for mechanical relaxation of GBs.  While this seems similar to traditional dislocation-
based cyclic hardening processes at first glance, it is important to point out that no stored crystal 
dislocation networks are introduced during the deformation of these nanocrystalline samples, 
making this a fundamentally different type of strengthening relegated to the GBs.  Fig. 5.3 
compiles the change in system energy for the treated samples of all grain sizes as a function of 
the amount of energy which is dissipated during plastic deformation.  All of the data points lie 
beneath the 1-to-1 line that represents equality, demonstrating that only a fraction of the 
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dissipated energy goes toward relaxing the system energy.  In addition, more energy must be 
dissipated to cause a given change in system energy as grain size increases, suggesting that 
plastic deformation more efficiently relaxes GB structure at finer grain sizes.  Such a trend 
persists even if the different data sets are normalized by grain boundary area or number of grain 
boundary atoms, i.e., this is not simply a geometrical effect due to an increasing GB volume with 
decreasing grain size, and samples with smaller grain size are apparently able to relax more for 
some physical reason associated with details of their deformation.  This is reasonable, since as 
we will see later, the smaller grain sizes favor GB sliding and grain rotation, which are collective 
processes that could be expected to be more effective at relaxing nonequilibrium GB structures. 
 
Figure 5.3 The change in the system energy for all grain sizes plotted as a function of the energy dissipated 
during mechanical cycling.  A given level of GB relaxation requires less energy dissipation as grain size is 
decreased. 
 
Atomistic details of the relaxation process can be found by inspecting the computational samples 
before and after selected mechanical treatments.  The AtomEye program [203] was used to 
visualize the atomic configurations, with atoms colored according to their CSP value.  Fig. 5.4a 
and b show a d = 3 nm specimen in the as-prepared state and after two cycles to 4% tensile 
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strain, respectively.  Select crystal planes from the as-prepared state are marked with white lines 
in both figures, highlighting the fact that grain rotation has taken place in the mechanically 
treated sample.  The misorientation between the two grains labeled A and B is about 52° on [13 
12 9] in the as-prepared state, while it is 60° about [1 1 1] in the mechanically cycled state; the 
misorientation between the grains changed by about 12° as a result of mechanical cycling.  This 
rotation has reduced the number of grain boundary atoms observed in this image, and has in fact 
rendered the boundary coherent, i.e., a (111) Σ3 twin boundary.  This is one clear example of 
how the system ratchets to a set of boundaries with lower energies and fewer local stress 
concentrations for the preferential initiation of plastic deformation.  In the case of the d = 3 nm 
sample presented in Fig. 5.4, a net decrease in the number of GB atoms and an alteration of GB 
character to low energy configurations occur during mechanical cycling, both of which 
contribute to a reduction of the total system energy. 
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Figure 5.4 The d = 3 nm sample shown in (a) its as-prepared state and (b) after two cycles to 4% tensile 
strain.  A reduction in the number of GB atoms is observed in the mechanically treated case, as well as the 
formation of low energy boundaries.  The white fiducial markers are aligned with crystal planes in (a), and 
have the same orientation in (b), showing the rotation of the grains. 
 
The obvious structural changes shown above for the d = 3 nm specimens are not observed in the 
cycled samples with larger grain sizes, which are more highly constrained due to their lower GB 
volume fractions.  However, GB structure is observed to relax in more subtle ways.  Fig. 5.5a 
and b show the distribution of atomic energies for a d = 4 nm sample in the as-prepared state and 
after two cycles to 4% tensile strain, respectively.  The average energy of GB atoms, the dotted 
blue lines in Fig. 5.5, is significantly reduced in the cycled sample when compared to the as-
prepared state.  Although the number of GB atoms remains the same in this case (recall Fig. 
5.2a), high energy GB sites are relaxed to lower energy configurations, leading to an overall drop 
in the system energy (the dashed red line in Fig. 5.5).  Fig. 5.5 also demonstrates why the 
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average atomic energy of the system provides a better measurement of GB relaxation than does 
the GB fraction; the average atomic energy incorporates information about the GB fraction, since 
these atoms generally have higher atomic energies than grain interior atoms, as well as 
information about the energetic states of the GB atoms. 
 
Figure 5.5 The atomic energy distributions for a d = 4 nm sample in (a) the as-prepared state and (b) after 
two cycles to 4% tensile strain.  Although the GB fraction remains constant after mechanical cycling, the 
energetic state of the GB atoms is greatly reduced, which also results in a reduction of the overall system 
energy. 
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5.4 Conclusions 
  
This work shows that the GB state and strength of nanocrystalline metals can be modified by the 
application of mechanical treatments.  These results should be of interest for fatigue and wear 
properties, as a strengthening effect is predicted under cyclic mechanical loading, with the 
strength increments measured here being as large as ~27%.  These results also align with 
observations from the experimental literature.  Our own prior work showed that nanocrystalline 
Ni-W alloys harden under repetitive sliding loads, leading to unexpected improvements in wear 
resistance in alloys with extremely fine grain sizes [178].  The largest wear-induced hardening 
effect occurred at the finest grain sizes (as fine as d = 3 nm), which agrees with the present 
results.  Moser et al. [204] observed a cyclic hardening effect in electrodeposited nanocrystalline 
Ni with d = 40 nm subjected to cyclic tension-tension deformation, and rationalized that this 
behavior was the result of the exhaustion of GB dislocation sources.  Although our results are 
more applicable at finer grain sizes where only GB deformation occurs, they agree with the 
general mechanistic explanation of Moser et al. in the sense that they reveal that small amounts 
of plastic deformation can relax GBs and render them mechanically stronger.  Low energy 
configurations are found during mechanical cycling, either through an alteration in GB character 
or subtle rearrangement within the GB, thereby reducing local stress concentrations at the 
boundary and making further plastic deformation more difficult. 
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Chapter 6 : Conclusions 
 
 
The mechanical behavior of nanocrystalline materials has been a rich research topic in recent 
years.  These materials are interesting from a scientific perspective, due to the novel deformation 
physics, as well as an engineering viewpoint, owing to the impressive properties they exhibit.  
While the vast majority of past work on nanocrystalline mechanical behavior has focused solely 
on grain size effects, this thesis attempts to push our knowledge beyond such thinking and obtain 
a more complete picture of nanocrystalline deformation.  The relevant conclusions of this thesis 
are summarized below. 
 
In Chapter 2, the effect of solid solution addition on the strength of sputtered Ni-W alloys with a 
grain size of ~20 nm was studied.  Unique grain boundary dislocation mechanisms dominate in 
these materials, meaning traditional solid solution strengthening models falter and a new 
strengthening term must be considered.  This new nanocrystalline strengthening contribution 
comes about due to the global effect of solute on the average properties of the Ni lattice.  Our 
proposed model, which combines traditional and nanocrystalline contributions, was able to 
accurately describe a wide range of nanocrystalline behavior, from strong strengthening in Pt-Ru 
to softening in Ni-Cu and Fe-Cu. 
 
In Chapter 3, the kinetics and grain size dependence of thermally-driven grain boundary 
relaxation strengthening were investigated, using electrodeposited Ni-W.  The rate of hardening 
and the maximum hardening were both found to be temperature-dependent, and triple junction-
dominated diffusion appear to control the hardening kinetics during annealing.  Grain boundary 
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relaxation strengthening was found to become more effective at smaller grain sizes, with a peak 
hardening occurring at a grain size of ~6 nm.  At the finest grain sizes, the observed 
strengthening effect was accompanied by an increase in activation volume and an increased 
propensity for inhomogeneous flow.  These results are in line with recent literature reports 
suggesting that the finest nanocrystalline grain sizes behave in a manner that is very similar to 
the behavior of metallic glasses. 
 
The sliding wear behavior of electrodeposited nanocrystalline Ni-W, which was studied in 
Chapter 4, provided an opportunity to observe the effects of mechanically-induced structural 
evolution, as well as solid solution addition and nonequilibrium grain boundary structure, on a 
complex mechanical property.  Cyclic sliding was found to induce modest grain growth and 
hardening near the contact surface in the finest grain sizes, which in turn improved the wear 
resistance of the alloys.  This improvement resulted in deviations from the well-known Archard 
scaling, which relates wear resistance directly to as-deposited hardness.  As a whole, 
nanocrystalline Ni-W alloys proved to be excellent candidates for wear applications, with 
structural evolution being beneficial in this case. 
 
While the results of Chapter 4 suggest that mechanical cycling can increase strength, no prior 
study had explicitly established that local structural relaxation of nanocrystalline grain 
boundaries could be driven by cyclic loading alone.  Using the molecular dynamics simulations 
shown in Chapter 5, mechanical loading was shown to dissipate energy and reduce the average 
atomic energy of the system, leading to stronger nanocrystalline materials.  During the cyclic 
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loading, low energy grain boundary configurations were found, either through obvious grain 
rotations or more subtle local rearrangement of the grain boundary structure. 
 
As a whole, this thesis shows that structural features other than grain size can have a significant 
effect on the mechanical response of nanocrystalline materials.  Specifically, alloying, grain 
boundary state, and structural evolution during service were found to dramatically alter 
properties, with the increased importance of these variables coming from the novel grain 
boundary-dominated physics which control deformation at the nanoscale.  We are optimistic that 
the results presented here will provide a new set of strengthening mechanisms and design 
considerations that will aid in the integration of nanocrystalline materials into next-generation 
engineering technologies. 
 
 
 
 123 
Chapter 7 : Directions for Future Work 
 
This thesis represents an important step towards a comprehensive understanding of the 
mechanical behavior of nanocrystalline alloys.  However, a number of gaps still exist in our 
current knowledge.  In particular, future work should be directed in the following specific areas: 
 
 While Chapter 2 explored solid solution addition when grain boundary dislocation 
mechanisms dominate deformation, the effect of alloying on grain boundary sliding and 
grain rotation has not been isolated.  In order to do so, the effects of solid solution 
addition must be studied at the finest nanocrystalline grain sizes (d < 10 nm).   
 Molecular dynamics simulations should be carefully analyzed to classify the distribution 
and atomic characteristics of grain boundary defects which exist in nanocrystalline 
materials.  Using these types of simulations, a direct connection between different types 
of grain boundary defects and strength can also be uncovered.  Such work will give a 
more physical meaning to the observations made in Chapters 3 and 5. 
 Many nanocrystalline alloys, including the Ni-W system which was studied heavily here, 
rely on segregating solutes to stabilize their grain structure, and Chapters 3 and 5 have 
demonstrated that seemingly subtle changes to grain boundary structure can dramatically 
alter mechanical properties.  With this in mind, the influence of grain boundary solute 
segregation on mechanical behavior must be studied.  In this case, atomistic simulations 
would again be extremely beneficial for studying how segregation modifies the local 
properties and structure of grain boundaries, as well as how the physical mechanisms 
responsible for plasticity are affected.  The development of better cross-potentials which 
accurately describe changes to relevant physical properties, e.g., the composition 
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dependence of stacking fault energy in Ni-W, will be a necessary preliminary step for 
such work.   
 While it has become apparent that the relaxation of grain boundary structure increases 
strength, very little is currently known about the effect of such structural evolution on the 
ductility of nanocrystalline metals.  Tensile experiments on systematically relaxed 
nanocrystalline metals, analogous to the experiments in Chapter 3, would give insight 
into this issue.  With information about the evolution of strength and ductility, relaxation 
treatment parameters can be optimized to produce a nanocrystalline metal with the 
maximum possible toughness. 
 In Chapter 4, the evolved surface layer was found to be harder than the as-deposited 
material.  However, our measurements almost certainly underestimate the magnitude of 
this hardening, due to the imperfect measurement technique (Vickers microhardness) that 
was used.  More experiments must be carried out to accurately measure the hardness of 
this layer and compare it to the hardness predicted by the Archard equation and our wear 
results.  Microtension [205] or microcompression tests [206] of the worn and as-
deposited material may allow the strength change of the surface layer to be correctly 
quantified. 
 While the experiments in Chapter 4 show that the wear process can evolve the structure 
and properties of the near surface material, these variables were only investigated after 
testing had completed, giving data at a solitary time point.  Additional experiments are 
needed to understand the evolution of the surface structure and properties during sliding 
wear as a function of sliding cycles or time.   
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Appendix A:  Effect of alloying on stacking fault energy 
 
A secondary effect of alloying not discussed in Chapter 2 is upon the stacking fault energies, 
which can affect the strength of nanocrystalline metals.  Consider, for example, an adaptation of 
the strength-limiting mechanism described in Chapter 2 (in which a full dislocation or complete 
set of partial dislocations is emitted from the grain boundary and traverses the grain).  Asaro et 
al. [131] proposed that in some cases a leading partial dislocation will be emitted from the grain 
boundary and traverse the entire grain before the trailing partial dislocation is emitted, as 
observed in molecular dynamics simulations [207] and thought to be responsible for deformation 
twinning in nanocrystalline Al [65].  The required shear stress, Partial , for deformation 
dominated by partial dislocation emission is given by Asaro et al. as [131]: 
Gbd
b
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
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12
1
3
1
    (A1) 
where SF  is the stacking fault energy.   
 
For our sputtered Ni-W alloys in Chapter 2, d is constant while b increases only slightly with W 
addition, with Eq. 2.2 predicting an increase in b of ~2.5% for 20 at.% W.  As such,  /G should 
be relatively constant for our alloys if deformation can be described by this simple 
nanocrystalline solution pinning model (Eq. 2.8).  The relationship between SF  and composition 
for Ni-W alloys is presented in Fig. A1a, with data taken from [208].  As W is added in solid 
solution to FCC Ni, the stacking fault energy drops rapidly from an initial value 235 mJ/m
2
 and 
approaches a plateau of ~50 mJ/m
2
.  While the first term in Eq. A1 will be relatively constant, 
similar to Eq. 2.8, the second term is a strong negative function of composition since SF  
 126 
decreases and G increases with W content.  Accordingly,  /G should quickly fall with W 
addition for our alloys if partial dislocation emission dominates plasticity. 
 
Figure A1. (a) Stacking fault energy of Ni-W alloys as a function of composition [208].  (b)  /G calculated 
from nanoindentation experiments, compared with predictions based on grain boundary emission of full 
dislocations (Eq. 2.8) or lead partial dislocations and stacking faults only (Eq. A1).  Based on the agreement 
between the nanoindentation data and Eq. 2.8, it is concluded that plastic deformation in these alloys is best 
described by the nanocrystalline solution pinning model. 
 
The values of  /G calculated from our indentation experiments are presented in Fig. A1b, along 
with predictions based on Eqs. 2.8 and A1.  For the predicted curves, we use the average 
measured XRD grain size of 18 nm ± 15% (to account for XRD error) to calculate upper and 
lower bounds for each model.  Our experimental results for  /G are relatively constant with 
respect to W content (although a subtle increase can be observed due to the small increase in b 
and the Fleischer model’s contribution to strengthening), results which are in line with the 
predictions based on a mechanism of full dislocations or pairs of partial dislocations interacting 
with grain boundary ledges.  On the other hand, the predictions based on partial dislocations 
fully traversing the grain quickly fall off as W is added and significantly underestimate the 
experimental /G values. 
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